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Kurzfassung
Der stetig wachsende Markt für mobile elektronische Geräte sowie die fortschrei-
tende Verbesserung der verwendeten Bauelemente machen die Suche nach neuar-
tigen, nicht-flüchtigen Speicherkonzepten erforderlich. Resistive Random Ac-
cess Memory (ReRAM) Zellen, die aus einem Übergangsmetaloxid-Film zwischen
zwei Elektroden bestehen, sind besonders vielversprechend, da sie einen niedri-
gen Stromverbrauch, schnelle Schaltzeiten und eine gute Skalierbarkeit aufweisen.
Resistives Schalten in solchen Elementen basiert auf einem lokalen Redoxprozeß,
der in vielen Details noch unverstanden ist. Insbesondere der genaue Ort und die
laterale Ausdehnung des Schaltens sind wichtig für die potentielle Skalierbarkeit
und sind bisher nur indirekt erforscht worden.
In dieser Arbeit wird resistives Schalten der beiden Modelsysteme SrTiO3 und
TiO2 mittels Rasterkraftmikroskopie mit leitender Spitze (conductive AFM) lokal
aufgelöst untersucht. Dazu werden zunächst die inhärenten Eigenschaften der
Filme ohne obere Elektrode bestimmt. Die Spitze des AFMs wird als eine mobile
Nanoelektrode eingesetzt, die die lokale Leitfähigkeit mit einer lateralen Auflösung
bis 10 nm abbilden kann. Durch Anlegen einer Schaltspannung an die Spitze, wird
resistives Schalten auf der Nanometer Skala induziert. Die zeitliche Entwicklung
eines geschalteten Zustandes in unterschiedlichen Gas-Atmosphären liefert Infor-
mationen über die Art der Sauerstoffbewegung innerhalb der Probe. Ein Vergleich
der conductive AFM Daten mit Transmissionselektronenmikroskopie (TEM) Mes-
sungen zeigt den Zusammenhang zwischen der Defektstruktur und den lokalen
Leitfähigkeits- und Schalteigenschaften auf. Eine Anpassung der Schichtherstel-
lungsparameter ermöglicht eine gezielte Variation der Defektstruktur.
Aus den untersuchten Filmen werden in einem weiteren Schritt konventionelle
ReRAM Zellen durch das Aufbringen von makroskopischen Elektroden hergestellt.
Die Leitfähigkeits-, Stöchiometrie- und Strukturveränderungen, die durch das
Schalten in einer ReRAM Zelle enstehen, werden lokal aufgelöst untersucht, indem
die obere Elektrode nach dem Schalten abgelöst und die Grenzfläche mit conduc-
tive AFM, TEM und Photoelektronen Emissionsmikroskopie (PEEM) vermessen
wird. Die Untersuchungen zeigen die Koexistenz eines homogenen und eines fil-
amentären Schaltprozesses. Diese Erkenntnisse ermöglichen eine Simulation des
Gesamtschaltverhaltens und eine detaillierte Diskussion des zugrunde liegenden
Schaltmechanismus.
Abstract
The quest for a non-volatile, small and fast computer memory calls for new mem-
ory concepts. Resistive Random Access Memory (ReRAM) based on transition
metal oxides is an attractive candidate for future computer memories, because it
has the potential of a low power consumption combined with fast switching speeds
and good scalability. While in general, switching in such systems relies on a local
redox reaction, many details are still unknown or under intense discussion. Espe-
cially the geometrical localization of the switching process remains to be clarified.
Spatially resolved conductivity, structure and stoichiometry studies of switched
devices are necessary for a complete understanding of the switching mechanism
and the ultimate scalability potential of a future device.
In this thesis, resistive switching of two representative model systems, SrTiO3 and
TiO2, is investigated by conductive atomic force microscopy (conductive AFM).
Two measurement configurations are used. On the one hand, bare, virgin oxide
films are investigated. The tip of the AFM is used as a sensitive, mobile nano-
electrode, imaging the local conductivity with a resolution down to a few 10 nm.
By biasing it with a switching voltage, resistive switching can be investigated on
a nanometer scale. Retention studies in different gas atmospheres provide insights
into the nature of oxygen migration during the switching process. A comparison
of conductive AFM and transmission electron microscopy (TEM) data uncovers
all implications of the films' microstructure on local conductivity and switching
properties. Growth parameter modifications allow deliberate variations of the mi-
crostructure.
On the other hand, conventional two-electrode ReRAM cells are switched and af-
terwards stripped off their top electrodes. A combination of a passive conductivity
and topography mapping of the exposed interface by conductive AFM, a spatially
resolved spectroscopic monitoring by photoemission electron microscopy (PEEM)
and an elucidation of the defect structure by TEM reveals the impact of resistive
switching on the local conductivity, structure and stoichiometry. Employing the
tip as an active switching electrode allows to distinguish both, a homogeneous
and a filamentary switching process. This spatially resolved information enables
a simulation of the switching behavior and a detailed discussion of the underlying
mechanism.
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Chapter 1
Introduction
The constantly growing market for mobile devices and the ongoing advances in
computer performance call for a continuous optimization of computer memories
[1][2]. High scalability, high read and write speed, high endurance, low power
consumption and low fabrication costs are the requirements on a modern computer
memory.
The two main technologies used for current computer memories are Dynamic Ran-
dom Access Memory (DRAM) and Flash Memory. DRAM exhibits very fast read
and write speed but is volatile and has a limited scalability due to its capacitor
design. Flash on the other hand is non-volatile and offers a scalability down to the
22 nm node. Starting from a memory for mobile applications (cell phones, USB
sticks, cameras, etc.) it has developed into a competitor to conventional magnetic
hard disk drives. Its major drawback, however, is the comparatively slow write
process.
Therefore, the quest for a non-volatile, small and fast memory calls for new mem-
ory concepts. The International Technology Roadmap for Semiconductors (ITRS)
lists Ferroelectric RAM (FeRAM), Magnetic RAM (MRAM) and Resistive RAM
(ReRAM) with its subclass of Phase Change RAM (PCRAM) as prominent ex-
amples of emerging, non-volatile memory concepts [3]. All of them exhibit specific
strengths and weaknesses. Especially the issue of scalability is a big challenge for
most memory concepts [2].
A very important class of ReRAM materials are transition metal oxides. ReRAM
based on such oxides is an attractive candidate for future computer memories, be-
cause it has the potential of a low power consumption combined with fast switching
speeds and good scalability. It consists of an active material, that is contacted by
two electrodes and whose electrical resistance can be switched between different
states by an external electric field after an initial pretreatment (electroforming)
step. Recent studies revealed that switching elements of a few nm size are theoret-
ically conceivable, pushing the scalability boundaries into the TBit regime [4][5].
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Starting with the earliest studies in the 1960's [6], materials such as manganates
[7][8][9][10], titanates [11] and zirconates [12] have been studied as potential
ReRAM components, culminating in the identification of a ReRAM cell as a fourth
fundamental circuit element named memristor [13].
Despite this long period of research, memories based on resistive switching oxides
are still in a very early development stage. The scalability, reliability and integra-
tion technology of an actual oxide ReRAM device need to be further elucidated.
An important but yet missing step in gaining a better perspective on the potential
of resistive switching oxides is a complete understanding of the underlying switch-
ing mechanism. An increasing number of indications reveal, that switching relies
on a voltage induced redox process within the sample [14][15]. This reduction and
oxidation can be described as a migration of oxygen ions - or oxygen vacancies
in a complementary picture - in the presence of an electric field. Since oxygen
vacancies act as donors within the otherwise insulating oxide, a change of the local
oxygen vacancy concentration leads to significant conductivity changes and is the
basis of the overall resistance switching effect.
Many details of this process are still unknown or under intense discussion. Keeping
in mind the importance of scalability, the geometrical localization of the switching
process is especially interesting: is switching a homogeneous process, encompassing
the whole device area, or is it a spatially confined, filamentary, process? Litera-
ture reports on both types of processes, homogeneous [16][17] and filamentary
[18][19][20][21][22], but several questions remain unanswered so far. What is the
relation between them and in what kind of settings do they occur? In what way
are they connected to the observed switching polarity (i.e. the voltage polarity
needed for switching)? What is the exact size and structure of a filament and is it
formed in preferential places?
In order to address these issues, spatially resolved conductivity, structure and
stoichiometry studies of switched devices are necessary. Despite the big relevance,
only a very limited number of such studies can be found in the literature [23][24]. A
major problem for the degree of spatial resolution during measurements is the fact
that in most cases all local switching features of the active oxide are overshadowed
and smoothed by the overlying passive electrode.
Therefore, the approach used in this thesis is to investigate resistive switching of
oxide films by conductive atomic force microscopy. The tip of the AFM is em-
ployed as a very sensitive and mobile nanoelectrode, substituting a conventional
top electrode and imaging the switching process with a resolution down to a few 10
nm. Two measurement settings are used. On the one hand, a passive conductivity
and topography mapping of samples that have been switched in a conventional,
two-electrode setup and that have been stripped of their top electrodes afterwards,
reveals all structure and conductivity changes connected with resistive switching.
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On the other hand, using the tip as an active nanoelectrode on bare, virgin ox-
ide films simulates the switching process on a nanometer scale and uncovers all
implications of the films' microstructure.
Two resistive switching systems were investigated: pulsed laser deposition grown,
crystalline SrTiO3 and sputtered, amorphous TiO2. SrTiO3 is a well known model
system, exhibiting typical ReRAM switching characteristics [25]. The TiO2 sam-
ples on the other hand, were chosen as a system of similar electrical behavior that
is already closer to potential applications, because it is a simple, binary system
that can be sputter deposited onto a standard SiO2 wafer.
Chapter 2 contains an overview of the fundamental structural and electrical prop-
erties of SrTiO3 and TiO2, followed by a brief description of the major fabrication
and measurement techniques used in this thesis in Chapter 3.
The passive characterization of pulsed laser deposition grown SrTiO3 films is pre-
sented in Chapter 4: growth parameter modifications allow drastic variations of
the local defect structure. The influence of this defect structure on the local con-
duction properties is monitored with conductive AFM.
The correlation between the microstructure and the switching properties is dis-
cussed in Chapter 5, using the tip of an atomic force microscope to generate
switching on a nanometer scale. Retention studies in different gas atmospheres
provide further insights into the nature of the switching process.
Making the transition to standard, two electrode devices, conventional current-
voltage measurements of SrTiO3 and TiO2 films with Pt electrodes are presented
in Chapter 6. Electroforming and switching parameters are compared for both
types of samples.
Finally, in Chapter 7 the conventionally switched devices of the previous chapter
are stripped of their top electrodes and investigated with conductive AFM, trans-
mission electron microscopy and photoemission electron microscopy. This reveals
the impact of resistive switching on the local conductivity, structure and stoichiom-
etry. Employing the tip as a mobile switching electrode allows to distinguish both,
a homogeneous and a filamentary switching process. This spatially resolved infor-
mation enables a detailed discussion of the underlying switching mechanism.
All main results and conclusions are summarized in Chapter 8 and complemented
by an outlook on open questions and possible future approaches.
13
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Chapter 2
Fundamentals
This chapter contains a short general introduction into resistive switching as well as
a basic description of two prototypical materials in ReRAMs, SrTiO3 and TiO2.
2.1 Classification of Resistively Switching
Materials
2.1.1 Basic Operating Principle
A resistively switching cell consists of a metal/insulator/metal (MIM) stack. The
insulator is the active material, while the metal layers serve as electrodes. Un-
der appropriate conditions this stack can be switched between different resistance
states by applying an external voltage. There are two different types of possible
switching behaviors: bipolar switching and unipolar switching.
In case of unipolar switching only one voltage polarity is needed to switch between
a high and a low resistance. The high resistance state is typically abbreviated
as HRS or Off state, while the low resistance states is named LRS or On state.
A typical unipolar switching cycle is shown in Figure 2.1(a): starting in the Off
state, a relatively high voltage, called SET voltage, is needed to trigger a current
increase and switch into the On state. A current compliance prevents an irre-
versible breakdown of the device. In order to switch back, a voltage of the same
polarity, called RESET voltage, is applied. While the RESET voltage is typically
lower than the SET voltage, the RESET current is usually quite high, hinting at
a thermally assisted process. Both positive and negative voltages can be used to
generate this type of switching.
In case of bipolar switching both, positive and negative voltages, are needed in
one switching cycle: Figure 2.1(b)) depicts a switching process with a positive
15
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Figure 2.1: Two basic operating modes of ReRAMs. (a) In case of unipolar switching
only one voltage polarity is needed for a complete switching cycle. (b) For bipolar
switching both, On and Off switching, occur at opposite voltage polarities. Adapted
from [25].
SET and a negative RESET voltage. The sense of rotation within this diagram
defines the overall switching polarity. Dependent on the specific sample geometry
and underlying mechanism it is also possible to generate bipolar switching of the
opposite switching polarity (negative SET and positive RESET voltage). Bipolar
resistive switching is the only switching type addressed within this thesis and
both switching polarities will be discussed in more detail in Subsections 6.2.5 and
7.4.4.
To avoid the situation of opposite switching effects at both electrodes, that anni-
hilate each other, an asymmetric sample is needed for bipolar resistive switching.
An asymmetry in a sample can be either generated by an inherently asymmetric
structure (e.g. different electrode materials) or by an initial electroforming step,
that will be described in Subsection 6.2.2).
2.1.2 Valency Change Memory Effect
All resistive switching phenomena are based on a range of different physical driving
forces: nanomechanical, molecular, purely electronic, redox-related, phase-change,
magnetic and ferroelectric effects are just a few of them (compare Figure 2.2).
A comprehensive overview of many different switching types is given in reference
[25].
The class of switching materials discussed within this thesis are transition metal
oxides exhibiting a so-called valence change mechanism (VCM). These materials,
e.g. manganites [7][8][9][10], titanates and zirconates [12][11], contain a transi-
tion metal that can inhibit different oxidation states. The ability to form stable
suboxides is important because this type of switching effect is based on a voltage
16
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Figure 2.2: Classification scheme of resistively switching systems based on the underlying
physical effect. The focus of this thesis lies on redox-related, bipolar switching valency
change memories. Adapted from [25].
induced migration of oxygen atoms, or in a complementary picture, oxygen va-
cancies [26]. Oxygen vacancies in transition metal oxides are positively charged,
mobile defects that can be rearranged when applying an external electric field. This
redistribution of oxygen vacancies triggers a redox-reaction and a corresponding
valence change of the cation sublattice (hence the name valence change mecha-
nism). Since oxygen vacancies act as donors within transition metal oxides (see
Subsection 2.2.2), their migration affects the local conductivity of a sample and
can therefore cause resistance changes as observed in resistive switching.
While the general idea of an oxygen vacancy migration related mechanism is widely
accepted, there are also alternative models for resistive switching, based on purely
electronic effects, such as electron trapping at defects [6], electron trapping at
interface sites and a subsequent lowering of the Schottky barrier between oxide
and electrode [27][28][29] or a generic density of states model as presented by
Rozenberg [30][31]. However, all electronic effects are incapable of facing the so-
called voltage-time-dilemma: the voltage-time-dilemma describes the fact that a
memory aiming for long data retention and high write speed requires a switching
process, that is disproportionately slow at low voltages (e.g. read voltages) and
disproportionately fast at higher voltages (write voltages). There are only very few
17
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Figure 2.3: Different geometrical realizations of resistive switching. (a) In case of a fila-
mentary switching process, the conductivity of the sample is dominated by a confined
filament and switching occurs within this filament. (b) For a homogeneous type of
switching, the whole interface beneath the electrode participates in the switching pro-
cess. Both, homogeneous and filamentary switching have been reported in literature.
Adapted from [16].
physical mechanisms exhibiting this extreme non-linearity. For purely electronic
effects a satisfying explanation of this discrepancy could not be presented yet
[32].
Ionic effects incorporating accelerating factors such as fast transport rates along ex-
tended defects, thermally assisted transport or extremely high fields at the switch-
ing interface are better suited to explain the non-linearity [25].
2.1.3 Local Nature of Resistive Switching
In the search for promising oxide materials for future non-volatile memories, special
attention has to be paid to the local nature of the resistive switching process and
the corresponding scaling capabilities. The issue of scaling is strongly linked to
the exact site of resistive switching beneath the electrode and to the question,
whether the switching current is distributed homogeneously across the device area
or localized to one or a few conducting filaments. Both scenarios are sketched in
Figure 2.3. While in the homogeneous case the scaling limit is connected to the
minimum device area, that guarantees sufficient switching currents for a reliable
circuit operation, in the filamentary case, scaling is determined by the dimensions
and regularity of the filaments.
18
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Both, filamentary as well as homogenous switching have been reported in litera-
ture. For thermally reduced SrTiO3 single crystals it has been demonstrated that
resistive switching can occur along conducting filaments which can be identified
with the exits of dislocations [4]. For crystalline SrTiO3 thin film samples as well
as for amorphous TiO2 films capped between macroscopic electrodes the indispens-
able electroforming process results in the formation of a single µm-size filament
[18][19][20][21][22].
Besides these studies on filamentary-type resistive switching, Sawa et al. reported a
so-called homogeneous interface-type switching, which is observed at the interface
between different complex oxides and the metal electrode, e.g. Pr0.7Ca0.3MnO3/Ti
and Nb-doped SrTiO3/SrRuO3 [16]. For this type of devices, On and Off resis-
tances are reported to scale with the device area [17], which hints on a homoge-
neous conduction mechanism. The change of the resistance is attributed to the
field-induced change of the Schottky-barrier at the interface.
While an elucidation of the local nature of the switching process is vitally im-
portant for understanding the underlying mechanism in ReRAM devices and for
rating their scaling potential, most conventional measurement techniques cannot
provide any direct information. The current signal is always measured over the
whole electrode area, averaging out any potential inhomogeneities. A rough sepa-
ration into homogeneous and non-homogeneous switching types can be achieved by
indirect methods, such as comparing the current signal of different electrode sizes.
A real resolving of local features has been attempted by obtaining either optical
images or AFM measurements of a device after switching. However, a problem
with this type of measurement is the fact, that the active layer is still covered by
a top electrode, smothering any local features. Moreover, only topographical in-
formation can be gathered, that gives only indirect hints on possible conductivity
changes.
More refined methods are necessary to obtain locally resolved conductivity, struc-
tural and stoichiometry information of a switched device. X-ray studies employing
Photo Emission Electron Spectroscopy (PEEM) or Scanning Transmission X-ray
Microscopes (STXM) that investigate local stoichiometry changes begin to emerge
[22][33].
This thesis focusses on the elucidation of the local conductivity. Conductive
Atomic Force Microscopy (Conductive AFM) studies of switched devices, that
allow to "peek" beneath the electrode, will be presented in the following chap-
ters.
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2.2 SrTiO3 as a Model System
2.2.1 Crystal Structure
SrTiO3 is a ternary oxide material. At room temperature it is of cubic Pm3m
perovskite structure as shown in Figure 2.41. Each titanium atom is surrounded
by 6 oxygen atoms, forming an octahedron. The strontium atoms are positioned
in the middle of 12 oxygen atoms forming a cube-octahedron. The crystal is
composed of alternating layers of SrO and TiO2 with a nominal lattice constant
of 3.905 Å [35].
Impurity dopants occupy either the titanium or the strontium site of SrTiO3,
dependent on the specific dopant material, with minimal changes to the overall
crystal structure. Dopants discussed in this work, Nb and Fe, can be found on
titanium sites.
Figure 2.4: Cubic perovskite structure of SrTiO3.
2.2.2 Electronic Structure
Stoichiometric SrTiO3 is an insulator with a band gap of roughly 3.2 eV [38]. In
a first, very rough approximation, it can be described as an ionic crystal, where
all Sr5s and Ti3d electrons are transferred into the O2p band. This O2p band
forms the valence band, while the now unoccupied Sr5s and Ti3d as well as the
O3s states constitute the conduction band. In a more detailed picture, however,
the bonds in SrTiO3 are not of purely ionic character, but show a certain degree
of covalency. This is reflected by a hybridization of the Sr5s, Ti3d and O2p states
1Below 105 ◦K an anti-ferrodisplacive transition to a tetragonal occurs [34]. This structure will
not be discussed in this thesis.
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Figure 2.5: Calculated total and partial density of states of undoped SrTiO3. A valence
band with major contributions of the O2p bands, a bandgap and a conduction band
with major Ti3d contributions are visible [36].
leading to a hybridized valence band of mainly O2p character with contributions
from Ti3d and Sr5s states. The overall density of states as well as a breakdown
into its atomic components is shown in Figure 2.52. In this perfectly stoichiometric
state the Fermi energy is positioned in the middle of the large band gap of 3.2 eV
and the material can be regarded as intrinsic with insulating properties.
The conduction behavior of SrTiO3 can be significantly influenced by introducing
dopants. Doping can be either realized by embedding impurity atoms (such as
Nb, V, or La in case of donor doping or Fe or Sc in case of acceptor doping)
or by imposing a non-stoichiometry such as oxygen or strontium vacancies. In
particular oxygen vacancies are a prominent example for this type of stoichiometry
doping. The partly covalent bond between titanium and oxygen is transferred
completely to the titanium atom at the site of an oxygen vacancy. This results
in two additional occupied donor states per oxygen vacancy that are situated just
below the conduction band edge. Oxygen vacancies can therefore be regarded as
n-type donors. Figure 2.6 shows the density of states (based on band structure
calculations) of stoichiometric SrTiO3 (Fig. 2.6 (a)), oxygen deficient SrTiO3 (Fig.
2.6 (b)), impurity acceptor doped SrTiO3 (Fig. 2.6 (c)) and impurity donor doped
SrTiO3 (Fig. 2.6 (d)). Both, the oxygen vacancy as well as the impurity donor
doping push the Fermi level well into the conduction band, while the acceptor
2The band gap derived from the theoretical bandstructure calculations presented in Figure 2.5 is
of the order of 1.85 eV and therefore smaller than the experimentally determined value of 3.2
eV [38]. This deviation is typical for calculations based on the Local Density Approximation
(LDA), that generally underestimate the band gap by about 30 to 40 %.
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Figure 2.6: Calculated total density of states of (a) undoped, (b) oxygen vacancy doped,
(c) acceptor doped and (d) donor doped SrTiO3 [37]. The Fermi level shifts towards
valence or conduction band depending on the dopant type.
doping causes a lowering of the Fermi energy and results in a Fermi level close to
the valence band.
Donor dopants (such as Nb atoms or oxygen vacancies) are typically shallow
donors, with donor states close to the conduction band. These donor states are
easily ionized at room temperature and already minor donor concentrations trigger
a significant increase of the conductivity. For donor concentrations above 3 · 1018
cm−3 metallic conductivity can be observed [39].
Acceptor dopants (such as Fe or Sc atoms) are deep lying dopants with acceptor
levels well within the band gap. The resulting conductivity at room temperature
is therefore lower in the case of acceptor doping than in the case of donor doping.
Undoped SrTiO3 is theoretically a perfect insulator. In reality however, impurities
cause an acceptor-type background doping.
The exact concentration levels of impurity dopants depend the amount of added
material, amongst other criteria. The concentration levels of vacancy dopants are
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determined by a complex interplay of temperature and oxygen partial pressure
and can be calculated within the framework of point defect chemistry that will be
briefly introduced in the next section.
2.2.3 Conductivity and Point Defect Chemistry
The conductivity σ of any material is determined by the concentration of all avail-
able mobile charge carriers (electrons, holes and ions) and their respective mobili-
ties. Disregarding any ionic contributions σ can be expressed as
σ = σn + σp = enµn + epµp (2.1)
with e electron charge
n electron concentrations in the conduction band
p hole concentration in the valence band
µn electron mobility
µp hole mobility
Since the band gap of SrTiO3 of 3.2 eV is quite large, excitations of electrons
directly from the valence band into the conduction band are relatively improbable
at room temperature and the corresponding intrinsic contributions to n and p
can be neglected. n is therefore only determined by the concentration of external
donors and oxygen vacancies, while p is determined by the concentration of external
acceptors and Sr vacancies.
The denomination of all external dopants and vacancies follows the Kroeger-Vink-
nomenclature: AA and VA describe an atom of type A or a vacancy V at the
position A. Superpositioned dots or bars symbolize positive or negative rela-
tive charges. V ··O therefore represents an oxygen vacancy that is double positively
charged (after ionization of the respective donor states), while V
′′
Sr described a dou-
ble negatively charged strontium vacancy and Nb·T i and Fe
′
T i are ionized niobium
and iron dopant atoms at the site of a titanium atom.
High Temperature Equilibria
SrTiO3 interacts with the surrounding oxygen atmosphere and oxygen can be
incorporated or excorporated. In a medium temperature range above 800◦C the
surrounding gas atmosphere and the crystal form an equilibrium according to the
following equation
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OO 
 V ··O + 2e− +
1
2
O2 (2.2)
with a reaction constant at temperature T
KO(T ) =
1
p0.5O2 · n2 · [V ··O ]
(2.3)
The reaction constant is thermally activated and can be described as
KO(T ) = K
0
O · e−
EO
kBT (2.4)
with a Boltzmann constant kB.
At even higher temperatures (T > 1500◦K) not only the oxygen content is equi-
librated with the surrounding gas atmosphere but also the strontium sublattice
is changed. The generation of strontium vacancies can be described by the equa-
tion
SrSr + 2e
− 
 V ′′Sr + Sr (2.5)
or combined with oxygen vacancies by
SrSr +OO 
 V
′′
Sr + V
··
O + SrOsecondary phase (2.6)
with a reaction constant
KSrO(T ) = [V
′′
Sr][V
··
O ] (2.7)
While titanium vacancies can theoretically be generated in a similar way, they are
usually negligible in SrTiO3 [40][41][42].
In addition to the respective equilibria equations an overall charge neutrality con-
dition needs to be fulfilled. In a simplified form (assuming only double ionized
vacancies V
′′
Sr and V
··
O and single ionized acceptors A
′
and donors D·) the charge
neutrality can be expressed as
n+ 2[V
′′
Sr] + [A
′
] = p+ 2[V ··O ] + [D
·] (2.8)
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Intrinsic Regime
The reaction constants of all defect equilibria are dependent on the oxygen partial
pressure. There are characteristic pressure regimes in which different equilibria
become dominant for the electrical behavior. At very low oxygen partial pressures
the formation of oxygen vacancies and corresponding electrons outweighs any other
dopants or charge carriers. This pressure regime is called "intrinsic regime". Thus,
the charge neutrality equation 2.8 can be simplified into
n = 2[V ··O ] (2.9)
Combining equations 2.9, 2.3 and 2.1 yields the characteristic relation
σ ∼ n ∼ p−
1
6
O2
(2.10)
which is independent from any external doping.
Acceptor Doping
At higher oxygen partial pressures beyond the intrinsic regime, the formation of
oxygen vacancies becomes less dominant and the external doping determines the
conduction behavior. Moreover, in case of acceptor doping, strontium vacancies
can be neglected, because negatively charged sites are energetically unfavorable.
The charge neutrality equation can be simplified to
2[V ··O ] = [A
′
] (2.11)
Combining this with equation 2.3 yields
σ ∼ n ∼ p−
1
4
O2
(2.12)
for mildly reducing conditions. At even higher pO2 pressure, the sample is in a
regime, where electron and hole concentrations are equal, before passing into a
p-conducting regime. Inserting the generation/recombination equilibrium
np ∼ e−EbandgapkT (2.13)
into equation 2.12 yields to
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Figure 2.7: Double-logarithmic depiction of the bulk conductivity as a function of the
oxygen partial pressure for (a) donor-doped and (b) acceptor and undoped SrTiO3.
Adapted from [43]
σ ∼ p ∼ p+
1
4
O2
(2.14)
Donor Doping
At mildly reducing conditions the charge neutrality equation translates into
n = [D·] (2.15)
and the conductivity σ is independent from pO2 . This is called "electronic com-
pensation regime".
Raising the oxygen partial pressure leads to an increased formation of strontium
vacancies along equation 2.6. The corresponding charge neutrality equation is then
given by
2[V
′′
Sr] = [D
·] (2.16)
Combined with equations 2.7 and 2.3 this leads to
σ ∼ n ∼ p−
1
4
O2
(2.17)
A visualization of the conductivity versus the oxygen partial pressure for different
pressure regimes and types of doping is shown in Figure 2.7. Typical temperatures
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are of the order of 1300 ◦K [43]. Lowering the temperature leads to a shift of the
overall curve towards higher pressures and a broadening of the plateau with zero
slope.
Validity Regime
All calculations within point defect chemistry are based on the following assump-
tions:
• All dopant and vacancy concentrations are relatively low.
• There are no secondary phases.
• There are no interactions between individual defects.
• All defects are statistically distributed across the sample.
All samples discussed in this work, do not display such a homogeneous character
on a large scale (compare Sections 4.2 and 4.4). Moreover, there seems to be
a general tendency for the formation of extended and therefore inhomogeneous
defects in SrTiO3 and TiO2 above a certain defect density [44][39]. Nevertheless,
on a local and therefore homogeneous scale, point defect chemistry considerations
can still be valid and useful.
2.3 TiO2
2.3.1 Crystal Structure
TiO2 occurs in three different crystal structures, called rutile, anatase and brookite.
Rutile is the only phase that is stable at all temperatures. Anatase and brookite
are only metastable at low temperatures and convert into rutile upon heating.
While rutile is the most common phase of bulk samples, anatase can be often found
in thin film samples deposited at lower temperatures. Brookite is of no importance
for this thesis and therefore will not be further discussed.
The crystal structures of rutile and anatase are depicted in Figure 2.8. Rutile has
a tetragonal structure with lattice constants of a = b = 4.5929 Å and c = 2.9591
Å [46]. Each Ti atom is surrounded by six oxygen atoms, forming a characteristic
octahedron.
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Figure 2.8: Crystal structure of TiO2 in (a) rutile and (b) anatase form. Both structures
consist of Ti atoms surrounded by an oxygen octahedron [45].
Anatase also consists of such oxygen octahedra (compare Figure 2.8(b)). In this
case, however, the octahedra have a different arrangement and form a tetragonal
phase with lattice constants of a = b = 3.7842 Å and c = 9.5146 Å [47].
2.3.2 Conductivity
In terms of electronic structure TiO2 behaves very similarly to SrTiO3. It is a
semiconductor with a bandgap of roughly 3 eV (3.03 eV for rutile and 3.18 eV for
anatase). Oxygen vacancies, that act as donors, can be introduced by reducing
the material. This eventually causes an insulator-to-metal transition: while TiO2
is semiconducting, TiO2−n/2 with n ≥ 1.5 is regarded as metallic.
On a theoretical level the formation of oxygen vacancy can be treated in the frame-
work of point-defect-chemistry, similar to the SrTiO3 case described in Subsection
2.2.3. A schematic diagram of the resulting dependence of the conductivity on
the oxygen partial pressure is shown in Figure 2.9 (see [48] for a more detailed
discussion).
Since such point defect chemistry considerations are only valid for a homoge-
neous material with statistically distributed, non-interacting defects, it has to be
mentioned, that upon reduction TiO2 has the tendency to undergo various phase
transitions and form several types of suboxides. A phase diagram depicting those
phases at various temperatures and oxygen contents is shown in Figure 2.10. The
phases are stable within a certain oxygen deficiency window [49]. Outside this
window a breakdown into the next phase occurs. The wide spread of existing
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phases is caused by the fact, that Ti is a transition metal that can exist in various
oxidation states.
At low degrees of oxygen deficiency (between Ti3O5 and TiO2), TiO2 exists within
so-called Magnéli phases TinO2n−1 with n ≥ 4. These phases have a pseudo-rutile
structure [50][51]. Even small changes in their oxygen stoichiometry cause large
conductivity changes [52].
Figure 2.9: Double-logarithmic depiction of the bulk conductivity as a function of the
oxygen partial pressure for TiO2. Source [48]
Figure 2.10: Phase diagram of reduced TiO2. Source: [53].
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Chapter 3
Experimental Methods
In this chapter a description of the major applied preparation and measurement
techniques finalizes the introductory part of this thesis.
3.1 Pulsed Laser Deposition - PLD
Pulsed laser deposition (PLD) is a thin film growth technique that allows to grow
oxide films of high crystalline quality. The basic experimental setup is shown in
Figure 3.1.
A pulsed KrF excimer laser with a wavelength of 248 nm is focussed onto a rotating
ceramic target, that possesses the desired element composition of the film to be
grown. The energy of the laser beam is modulated by an optical filter in the optical
path. An oxide substrate is used as a carrier for the final film and is facing the
target. It is attached to a heater plate. Both, target and substrate are situated
within a UHV chamber that can be flooded with various gases.
The details of the growth process are sketched in Figure 3.2. Each laser pulse
transmits an energy of the order of 1 J/cm2 to the target, causing the surface of
the target to melt and then vaporize at the beginning of the pulse (step (1) to (2)).
Due to the high energy involved, the vaporization occurs outside any thermal equi-
librium. This ensures a uniform ablation of all target components, independent
from their specific vapor pressures. The energy transfer and absorption during
the remaining pulse length causes the vapor to heat even further and eventually
form a plasma (step (3)). Since not only the temperature but also the pressure of
the ablated plasma rises, the plasma starts to expand and forms a plasma plume
extending into the direction of the substrate (step (4)). During this expansion
the particles within the plasma plume first transform their internal energy into
kinetic energy and then loose a part of this kinetic energy due to inelastic col-
lisions with gas atoms inside the chamber. This is called thermalization. The
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Figure 3.1: Experimental setup of a PLD system. Adapted from [54]
background pressure level determines how quickly a complete thermalization is
reached. For background pressures between 0.01 and 0.5 mbar the distance from
the target at which complete thermalization is reached is of the same order as the
target-substrate-distance. The type of background gas and the chosen pressure
therefore determine the shape of the plasma plume, its thermalization degree and
the remaining kinetic energy of the particles arriving at the substrate.
Once a particle has reached the substrate it has a finite diffusion time td in which
it can rearrange on the surface and approach its energetically most favorable place.
The diffusion time td is determined by the kinetic energy of the arriving particle
and the substrate temperature. High substrate temperatures cause longer diffusion
times and enable the particles to arrange in a thermodynamical equilibrium. Low
substrate temperatures reduce the diffusion time and result in a kinetically limited
film growth.
A second time constraint is the chosen laser frequency. While under standard
conditions the time distance between two pulses is larger than td, allowing the
particles to rearrange in an energetically favorable way, higher laser frequencies
can impose additional kinetic limitations.
A further growth parameter, that is important for high crystalline quality growth
is the choice of substrate: if both, film and substrate, consist of the same material,
a homoepitaxial, single crystal like growth is possible under appropriate deposition
conditions. If substrate and film material differ, their difference in lattice constants
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Figure 3.2: Time dependent evolution of the plasma plume. Adapted from [54]
causes mechanical strain in the film. The degree of lattice mismatch is expressed
by the ratio,
∆c =
cFilm − cSubstrate
cSubstrate
(3.1)
containing the in-plane bulk lattice constants of the unstrained film cFilm and
substrate cSubstrate. While very thin films can grow in a completely strained way,
thicker films tend to release their internal strain by accommodating defects and
adapting their bulk lattice constant.
3.2 Atomic Force Microscopy - AFM
Atomic Force Microscopy (AFM) was developed in 1986 by G. Binnig, C. Quate
and C. Gerber as a modification of the previously invented Scanning Tunneling
Microscope (STM). The basic principle of both techniques is similar: a sharp tip is
brought in the vicinity of the surface of a sample and interacts with it. Scanning
the tip in lines across the surface, the variation of the tip-surface-interaction is
monitored and transformed into a two-dimensional picture that can be related to
the sample's topography.
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In the case of AFM the tip-surface-interaction corresponds to a repulsive or at-
tractive force between tip and sample. Using a feedback mechanism the height
position of the tip during scanning is constantly adjusted in a way that there is
a constant force between tip and sample. There are two different measurement
modes: Contact and Non-contact Mode.
All AFM measurements within this thesis were conducted with a Jeol JSPM 4210
microscope in Contact Mode using PtIr coated AFM tips (Nanosensors PPP-
ContPt). All measurements except the TiO2 data in Section 7.2 were obtained
under vacuum conditions (p = 10−3 Pa = 10−5 mbar) unless mentioned other-
wise.
3.2.1 Basic Principle
The basic setup of an AFM is shown in Figure 3.3. The AFM tip is positioned at
the end of a roughly 450 µm long cantilever arm (L). This cantilever behaves like a
spring with a spring constant k that bends according to the tip-sample-interaction.
The position of the cantilever is monitored using a laser beam, focussed onto the
backside of the cantilever, where a reflective coating reflects the beam onto a photo
diode with a lower and an upper segment A and B. The position of the photo diode
is adjusted so that the reflected laser beam is centered on the diode. The distance
between cantilever and photo diode S2 is of the order of a few cm.
During scanning, height variations of the sample topography cause an additional
bending of the cantilever by an angle Θ that can be detected as a displacement
of the reflected laser beam on the diode by a distance ∆d ≈ 2 · Θ · S2 and a
corresponding variation of the photo currents jA and jB measured in segments A
and B. If the diameter of the laser spot on the photo diode is d, the measured
current signal can be expressed as
jA − jB
jTotal
=
2S2
d
·Θ (3.2)
An angular variation Θ, induced by the sample's height profile, can therefore be
detected as a current variation amplified by a factor 2S2
d
. This so-called optical
amplification is typically of the order of 100 and allows to detect very small height
variations on the sample [55].
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Figure 3.3: Schematic setup of an atomic force microscope [55].
3.2.2 Measurement Modes
The force between tip and sample depends strongly on the distance between tip and
sample. The corresponding potential U is depicted as a function of the distance d
in Figure 3.4. It can be approximated as a Lennard-Jones potential
U =
C1
d12
− C2
d6
(3.3)
with the constants C1 and C2.
For large distances the interaction between tip and sample is negligible. In the
vicinity of the sample, however, van-der-Waals-forces result in an attractive inter-
action. This is the regime in which Non-Contact Mode AFMs are operated. A
detailed description of this measurement mode can be found in [56].
For even smaller distances, tip and sample eventually come into physical contact.
Ionic forces as well as the Pauli principle result in a strong, repulsive interaction.
This is the regime of Contact-Mode AFM.
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Figure 3.4: Tip sample interaction and operation modes of an atomic force microscope.
Contact-Mode AFM
In Contact-Mode AFM the tip is approached to the sample until both are in phys-
ical contact, causing the cantilever to bend backwards. The approach is stopped
as soon as the bending of the cantilever and the resulting current signal reach
a predefined value (operating point). The subsequent lateral scanning of the tip
is realized by a fine x-y-movement of the sample while the tip position is fixed.
Height variations of the sample result in an additional bending of the cantilever
that is recorded via the current signal of the photo diode. Using a so-called pro-
portional integral derivative controller (PID controller), the distance between tip
and sample is readjusted so that the current signal jA − jB always corresponds to
the operating point and the pressure between tip and sample is constant during
scanning.
A plot of the current signal versus the lateral sample position yields a two dimen-
sional picture that corresponds to a plane of constant force between tip and sample
and can be interpreted as an image of the sample's topography.
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Conductive AFM
Conductive AFM is based on a conventional Contact Mode measurement with the
additional feature of a conductive coating of the tip (e.g. PtIr) and a DC voltage
that is applied between tip and sample. A schematic sketch of the conductive AFM
setup is given in Figure 3.5. During scanning both, the photo diode signal and the
currents flowing between tip and sample, are recorded. This yields a topography
and a local current distribution map (that can be translated into a conductivity
map). A comparison of both images allows to detect potential correlations between
conductivity and topography.
Figure 3.5: Schematic setup of a conductive AFM. The tip is coated with a conductive
PtIr layer while the sample is wire-bonded onto a metallic sample carrier. During scan-
ning a voltage is applied between tip and sample, the resulting currents are amplified
and measured as a function of the tip position.
Since conductive AFM is a surface sensitive technique it is important to obtain
clean sample surfaces. Samples that are kept in air are always covered with an
adsorbate layer a few nm thick. The difference between a measurement with
and without an adsorbate layer in terms of electric field distribution is shown in
Figure 3.6. While in case of a clean sample without adsorbates the field can be
approximated as a radial field with its highest field strengths in the upper film
layers (Fig. 3.6 (a)), an adsorbate contamination distorts the field (Fig. 3.6 (b)).
A considerable fraction of the overall potential drop occurs within the adsorbate
layer [57]. Higher and potentially more destructive voltages are necessary to obtain
a reasonable current signal.
In this context it can be useful to perform the measurement under vacuum condi-
tions. While a complete desorption of all adsorbates can only be achieved under
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Figure 3.6: Field distribution beneath a conductive AFM tip (Source: [57]). (a) For
clean surfaces the electric field can be approximated as a radial field. (b) Surface
adsorbates distort the field. A considerable potential drop occurs across the adsorbate
layer.
UHV conditions and temperature above 800◦C, the overall adsorbate layer can
already be considerably reduced by the HV conditions provided within our AFM
chamber with a background pressure of p ≈ 10−3 Pa = 10−5 mbar.
3.3 Current-Voltage Measurements
All samples were measured in a quasistatic current-voltage measurement setup.
The measurements were performed employing an Agilent B1500A semiconductor
analyzer in combination with a needle probestation (Figure 3.7). The bottom
electrode was contacted by Al wire bonding while the top electrode was addressed
by a very sharp metallic probe needle. The voltage was always applied to the top
electrode and changed in a stepwise fashion. Typical step widths and delay times
were of the order of 20 mV and 100 ms. A current compliance ranging between 1
and 10 mA was set to prevent an uncontrolled destruction of the sample.
3.4 Photo Electron Emission Spectroscopy -
PEEM
Photo Electron Emission Spectroscopy (PEEM) combines conventional X-ray Pho-
toemission Spectroscopy (XPS) with an electron microscope and allows to gather
laterally resolved chemical information. The experiments with X-rays were con-
ducted at the BESSY UE49 PGM beamline using the energy-filtered SPEEM
microscope.
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Figure 3.7: Probestation used for all electrical measurements. (a) Photograph of the
probe needles, sample tray and microscope used for positioning the needles. (b) Sketch
of the sample setup.
A schematic setup is shown in Figure 3.8. The sample resides in a UHV cham-
ber and is illuminated by an X-ray beam. According to the photoelectric effect
discovered by H. Hertz and explained by A. Einstein [59][60], photo-electrons are
emitted from the sample according to the equation
hν = Φ0 + Eb + Ekin (3.4)
where hν is the energy of the incident photon, Eb is the element specific binding
energy of the electron, Φ0 the work function and Ekin the electron's kinetic energy
after leaving the sample. The sample is set on a negative potential to the PEEM
microscope, causing the photo-electrons to be accelerated towards the extractor,
which is set to ground potential. An electron-optical immersion lens microscope
images all electrons emitted from the sample and generates a two-dimensional
image of the sample. This image is passed through an energy filter and recorded
by an image intensifier and CCD camera.
By measuring Ekin the binding energy Eb can be determined (hν is given and Φ0
is a constant that can be determined by an energy calibration). Stepping through
a range of kinetic energies, the resulting measurement data are a set of images,
showing the amount of photoelectrons with a specific binding energy stemming
from each point of the surface. A lateral resolution below 20 nm is possible.
Combining all images, binding energy spectra can be extracted for each surface
point.
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Figure 3.8: Principle layout of the PEEM setup [58].
3.4.1 X-ray Absorption Spectroscopy
While PEEM monitors the primary photo-electrons, the microscope can also be
used to measure secondary electrons and operated in an X-ray Absorption Spec-
troscopy (XAS) mode. The intensity of the secondary electrons is roughly propor-
tional to the absorption of the X-rays by the sample. Stepping through a range of
incident photon energies and measuring the amount of emitted secondary electrons
generates an X-ray absorption spectrum.
3.4.2 Information Depth
The information depth of any X-ray spectroscopy technique is determined by the
mean free path of the photoelectrons within the sample material. Due to plas-
mon excitation, electron-hole pair formation, and vibrational excitation, electrons
traveling through a sample have a finite inelastic mean free path (IMFP) length
λ. It is defined as the distance the electron can travel through the solid before its
intensity I decays to 1/e of its initial value. If an electron at a distance to the
surface greater than the IMFP is excited by a photon, it cannot reach the surface
and therefore cannot be detected. Figure 3.9 shows the IMFP as a function of
electron energy. In the XPS or PEEM regime, electron energies of the order of 100
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Figure 3.9: Inelastic mean free path of electrons in inorganic compounds [61]. In our
experiments, we adjusted the photon energy in such a way as to obtain photoelectrons
of roughly 100 eV kinetic energy, yielding a low information depth of about 1 nm. In
contrast, the X-ray absorption measurements make use of the low energy secondary
electrons (Ekin < 10 eV) and thus yield a much larger information depth of around 10
nm.
eV occur, resulting in a relatively small IMFP of the order of 1 nm and a small
information depth. In the energy regime of XAS, electron energies of the order of
10 eV are used, resulting in a larger IMFP and a larger information depth.
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Growth Mode and Defect
Structure
When investigating transition metal oxides as potential components of a non-
volatile memory concept, practicability, scalability and pricing usually call for
thin film samples (instead of using single crystals). One of the main methods to
obtain high quality oxide films is Pulsed Laser Deposition (PLD). The wide range
of adjustable deposition parameters within PLD allows to fine-tune the sample
growth and to obtain stoichiometric, "single-crystal-like" thin film samples. The
deposition parameters can also be varied in a way, that a significantly altered
growth and defect structure are obtained. This close relation between the deposi-
tion parameters and the thin film structure can be used to deliberately engineer
its defect structure.
In this chapter thin films of different defect and growth structure are discussed.
Starting with films grown in a defined two-dimensional layer-by-layer mode, a
variation of the deposition parameters yields films grown in a three-dimensional
mode. X-Ray Diffraction (XRD) and Transmission Electron Microscopy (TEM)
data are combined with AFM and conductive AFM to achieve a comprehensive
picture of the structure and local conductive properties of the thin film samples.
This enables a discussion of the growth process and mechanism.
4.1 Thin Film Preparation
All films were grown in a classical PLD setup as described in Section 3.1. Ceramic
targets were used to grow Nb- or Fe-doped SrTiO3, undoped SrTiO3 and TiO2
films on Nb-doped SrTiO3 single crystal substrates.
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Figure 4.1: AFM images of the surface of a Nb-doped SrTiO3 single crystal substrate
(a) as received and (b) after annealing. The annealing step ensures a defined, stepped
surface that allows optimal subsequent thin film growth.
4.1.1 Substrate Treatment
SrTiO3 single crystal substrates with a 1 at% Nb-doping were used for all mea-
surements (manufactured by either Shinkosha Co., Ltd. or Crystec GmbH). The
substrates have a (001)-orientation with a nominal lattice constant of 3.905 Å [35].
They are ideally suited for our SrTiO3 thin films because they provide a substrate
lattice constant, that matches the film's lattice constant and therefore allows ho-
moepitaxial growth. Due to the Nb-doping level they exhibit metallic conductivity
(R 50 Ω) and can be used as a bottom electrode in subsequent resistive switching
measurements.
Prior to thin film deposition the substrates were annealed for approximately 4-6
hours at 1000◦C in air to ensure a defined, flat surface with a step-terrace recon-
struction (see Figure 4.1). Due to varying crystal quality the annealing parameters
needed to be adjusted for each new shipment of crystals.
4.1.2 Target Preparation
Ceramic targets were prepared in a classical mixed oxide preparation technique. In
case of SrTiO3 targets SrCO3 and TiO2 powders were purchased, weighed, mixed
and milled and finally calcinated at 1000 - 1100 ◦C for roughly 18 hours. The
calcination step enables a chemical reaction that transforms the stoichiometrically
mixed powders into SrTiO3 according to:
SrCO3 + TiO2 → SrTiO3 + CO2 (4.1)
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Parameter Set I II III IV
Growth Type 2D 3D unknown
Temperature 700◦C
Pressure 0.25 mbar O2 10−4 mbar Ar 0.25 mbar O2 0.25 mbar O2
Frequency 5 Hz 10 Hz 10 Hz 30 Hz
Laser Fluence 0.8 J/cm2 2 J/cm2 2 J/cm2 0.8 J/cm2
Growth Rate 0.47 Å/s 7.67 Å/s 3.33 Å/s 2.84 Å/s
Substrate 1 at% Nb-doped SrTiO3
Table 4.1: Parameters used for PLD thin film growth.
After calcination the material is finely milled again, pressed into its desired form
(typically a round disc) and sintered at 1300 - 1400◦C. This final sintering step
causes the grains of the powder to combine into a dense, ceramic pellet.
For this work, apart from undoped SrTiO3 and undoped TiO2, 2 at% Nb-doped
SrTiO3 and 1 at% Fe-doped SrTiO3 ceramic targets were produced. A more de-
tailed description of general ceramic preparation methods can be found in the
literature [62][63][64].
4.1.3 Deposition Conditions
All thin films presented in the following chapters were deposited under a specific
set of deposition parameters, that are critical for the film's structure. Table 4.1
shows all deposition parameters used, combined into 4 different parameter sets.
XRD and X-Ray Reflectometry (XRR) were used to determine the films' crystal
structure and thickness, while AFM reveals their morphology and surface rough-
ness. While parameter set I typically yields films of flat, two-dimensional layer-
by-layer growth, the other sets of parameters result in various types of defect-rich,
three-dimensional growth, that will be discussed in Sections 4.2 and 4.4.
4.2 Layer by Layer Growth
50 nm thick films of 1 at% Fe-doped SrTiO3 were grown using the deposition
parameters given in parameter set I in Table 4.1. Figure 4.2 shows an XRD
overview scan of such a sample as well as a close-up of the SrTiO3 (002) peak.
The overview diffractogram exhibits three very sharp peak doublets, belonging to
single crystalline SrTiO3 in the substrate. A closer look at the (002) peak and a
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Figure 4.2: (a) XRD overview scan of a 50 nm thick Fe-doped SrTiO3 film grown under
deposition conditions I. The film structure has merged completely with the substrate
structure, leaving only the SrTiO3 single crystal substrate peaks visible. (b) A mag-
nification of the SrTiO3(002) peak of the film shown in (a) and a separate XRD scan
of a bare substrate show no discernable structural difference.
comparison with a diffractogram taken from a bare substrate (without any film
on top) demonstrates that the film structure is identical to the substrate structure
(Figure 4.2(b)), as no difference between the two diffractograms can be detected.
This lack of a lattice expansion between substrate and film and the perfect fit
of their structures can be mainly attributed to a stoichiometry of the film with
a Ti/Sr ratio close to 1. Ohnishi et al. as well as other groups have shown
that for PLD grown SrTiO3 thin films the stoichiometry is directly determined
by the laser fluence [65][66][67][68]: a low laser fluence results in Sr rich films,
while a high fluence produces Ti rich films. All non-stoichiometric films show
a significant expansion of the c-axis, while films with a ratio close to 1 and an
appropriately chosen fluence show no expansion (as visible in Figure 4.2). While
Sr and Ti vacancies are therefore negligible, subsequent electrical measurements
indicate, that the films contain a significant amount of oxygen vacancies (compare
Subsection 6.2.1), that are not detectable in a XRD scans.
In Figure 4.3(a) the surface scan of such a film is shown, measured in AFM Tapping
Mode. The surface is very smooth and step terraces with a height of one atomic
layer are visible. This morphology is in good agreement with the previously shown
XRD data, indicating that the film has grown in a two-dimensional layer-by-layer
growth mode, preserving the step terraces of the underlying substrate. Cross-
sectional TEM images confirm that this growth mode results in a coherent growth
and a low defect density (Figure 4.3(d)).
Finally, a behavior close to single crystals can also be found in the conductive AFM
scans (Figure 4.3(b) and (c)). The conductivity image displays many small spots
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Figure 4.3: (a) Tapping Mode AFM surface scan of a 50 nm thick Fe-doped SrTiO3
film grown under deposition conditions I. The surface is very smooth and shows step
terraces with a height of one atomic layer. (b) Conductive AFM surface and (c) con-
ductivity scan. The strongly shrunk scan size as well as the reduced lateral resolution
of the conductive AFM contact mode scan lead to a different perception of the to-
pography in part (b) as opposed to part (a). The conductivity is inhomogeneous and
has a pattern comparable to that of SrTiO3 single crystals [4]. (d) The corresponding
TEM data show a flat, two-dimensional layer-by-layer growth.
with a high conductivity, that are randomly distributed within a poorly conducting
background. Comparing this pattern to the conductive AFM patterns in SrTiO3
single crystals reveals almost identical behavior [5]. The individual conducting
spots have a diameter of only 1 - 2 nm and can be identified with extended defects,
in particular dislocations, that stretch across the sample and intersect with the
surface. First principles calculations suggest an increased density of states at
the lower conduction band edge within these dislocations and a corresponding
increased electronic conductivity along the dislocation [4]. However, due to their
low density and irregular distribution, a direct identification of dislocations as
conducting filaments has not been successful in the TEM investigations, yet.
Overall, it can be stated that the growth conditions in parameter set I of Table
4.1 provide flat, step-terraced SrTiO3 films grown in a two-dimensional mode that
behave similarly to single crystals and have a Ti/Sr ratio close to 1.
47
Chapter 4 Growth Mode and Defect Structure
4.3 Influence of Dopants
In general chemical impurity doping has an important influence on the macroscopic
conductivity of a sample. P -type Fe-doped SrTiO3 single crystals behave different
from n-type Nb-doped SrTiO3 single crystals in terms of electronic properties and
chemical compensation mechanisms [43]. In the case of thin film growth, however,
the prepared samples are usually far away from the stoichiometry of a single crystal.
Other types of effects - such as a growth related oxygen deficiency or a shift of
the Ti/Sr ratio - play an important role and can potentially overrule the external
chemical doping [66].
In order to determine the influence of chemical impurity doping on the structure
and local conductivity of PLD grown thin films, a 2 at% Nb-doped SrTiO3 thin
film and a 1 at% Fe-doped SrTiO3 thin film were prepared under the deposition
conditions described in parameter set IV in Table 4.1 and checked with conductive
AFM. The deposition parameters are nearly identical to the previously chosen
layer-by-layer case. The only difference is an increased growth rate due to a raised
laser frequency.
The topography of both samples is shown in Figure 4.4(a) and (d). Both samples
show comparable surface features with a root-mean-square (rms) roughness of
about 0.2 nm. Step terraces similar to the previous layer-by-layer growth can be
seen. However, focussing onto a single terrace, reveals a hilly substructure and
a deterioration in the terrace smoothness, as shown in Figure 4.4(b) and (e). A
corresponding pattern can be seen in the current images (Figure 4.4(c) and (f)).
They exhibit a pattern of enlarged conducting units. The overall change in surface
morphology and local conductivity compared to Figure 4.3 can be related to the
increased deposition rate and a limitation of growth kinetics and will be discussed
in more detail in the following sections.
Comparing Fe- and Nb-doped samples, no difference can be observed on a local
scale. Their structure and conductivity appear to be dominantly determined by
their identical thin film deposition conditions. It is interesting to note, that this
dominance of the deposition conditions over the chemical impurity doping is also
reflected on a macroscopic level. Checking the macroscopic conductivity of these
samples (as described in Subsection 6.2.1), reveals that the Fe-doped SrTiO3 films
generally exhibit n-type semiconducting behavior [18] (compare Figure 6.2). The
specific growth and defect structure of those films obviously allows to accommo-
date a significant amount of oxygen vacancies. Previous studies on SrTiO3 single
crystals suggest that interfaces [69] and extended defects [70] are preferential places
for oxygen vacancies. These inherently oxygen-deficient defects outweigh the back-
ground Fe acceptor doping and result in a dopant-independent n-type behavior.
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Figure 4.4: (a) Topography of a 2 at% Nb-doped SrTiO3 thin film grown under de-
position conditions IV. (b) The conductive AFM topography and (c) conductivity
scan were recorded with a smaller scan range, focussing onto a single terrace. (d)
Overview topography, (e) magnified topography and (f) conductivity of a 1 at% Fe-
doped SrTiO3 thin film grown under identical conditions. Neither morphology nor
local conductivity are significantly altered by the change in dopant type.
Due to the complex nature of PLD grown thin films, the overall conductive prop-
erties are strongly dominated by the growth related specific defect structure and
stoichiometry. External impurity doping plays a minor role.
4.4 Three-dimensional Growth
In order to access different types of film growth modes than the previously de-
scribed layer-by-layer growth, more extreme cases of deposition conditions were
chosen (parameter set II and III in Table 4.1), producing films of widely different
defect structures grown in a three-dimensional way.
The laser fluence was set to its maximum value (approximately 2 J/cm2) driving
the films into a clearly non-stoichiometric, Ti rich growth [66][65][68][67]. In ad-
dition the laser frequency has been doubled. Combined with the raised fluence
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this leads to a significantly increased deposition rate and a further inclination to a
strongly kinetically limited growth. A subsequent variation in deposition pressure
between parameter set II and III highlights the correlation between pressure and
growth kinetics and their implications for thin film growth.
4.4.1 Coherent Three-dimensional Growth
Figure 4.5 shows XRD scans of a 200 nm thick 2 at % Nb-doped SrTiO3 film grown
under deposition conditions II. While, compared to the previous case of layer-
by-layer grown Fe-doped SrTiO3, the influence of the change in dopant material
from Fe to Nb is less important for the growth structure (compare Section 4.3),
the change in deposition parameters has caused a significant difference in the
scans: with all three substrate SrTiO3 peaks still visible, a magnification of the
peak regions (Figure 4.5(b)) reveals that in addition to the sharp substrate peaks,
clearly shifted and more broadened film peaks can be seen. Those peaks still
represent a perovskite SrTiO3 structure, but the shift in peak positions indicates
an expanded lattice constant: the peak positions of the film peaks correspond to a
lattice constant of 3.943 Å, while the substrate peaks represent a substrate lattice
constant of 3.903 Å. This is nearly identical to the literature bulk value of 3.903
Å [35]. The film is still c-axis oriented, epitaxial and has very good crystallinity
(as indicated by the rather small Rocking curve width of 0.03◦ shown in the inset
of Figure 4.5(b)).
Figure 4.5: (a) XRD overview scan of a 200 nm thick 2 at% Nb-doped SrTiO3 film
grown under deposition conditions II. SrTiO3 (001), (002) and (003) peaks are visible
for both, the thin film and substrate, corresponding to lattice constants of 3.943 Å in
case of the film and 3.903 Å in case of the substrate. (b) A magnified look at the
SrTiO3(002) region showing the difference in peak position and lattice constant for
film and substrate. The respective rocking curve for the film peak is shown in the
inset.
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The expanded lattice constant is caused by a shift in the Ti/Sr ratio due to the
relatively high laser fluence during deposition [66]. A comparison with literature
data suggests a Ti/Sr ratio of roughly 1.5 [68], which is in good agreement with
element concentrations determined by XPS for these films [71]. While a ratio of
1.5 has a certain margin of error, it clearly indicates a Ti excess or an equivalent
increase of Sr vacancies. Since Sr vacancies are charged electrostatic repulsion
causes an outwards movement of the atoms surrounding a vacancy [72] and an
overall expansion of the lattice [65], resulting in an in-plane lattice mismatch to
stoichiometric SrTiO3 of the order of 1 % [72]. As a result, the Ti-rich SrTiO3
grows compressively strained on stoichiometric SrTiO3 single crystals. This results
in the observed elongation of the c-axis and strong deviations from homoepitaxial
layer-by-layer growth.
This growth parameter induced transition from a two-dimensional, layer-by-layer
growth mode to a different, three-dimensional growth type is reflected in both
the morphology and conductivity as visible in the conductive AFM measurements
shown in Figure 4.6(a),(b) and (c). The topography in part (a) has no longer a
flat, step-terrace structure, but exhibits a dense array of roughly 30 nm wide, 1
- 4 nm high, round hills, having a certain degree of short-range ordering. The
corresponding rms surface roughness is around 1.78 nm.
The local current distribution (recorded at a tip voltage of -3 V, as shown in Fig-
ure 4.6(b)), is significantly changed as well and reflects the hilly surface structure.
A dense array of well-conducting units can be seen across a non-conducting back-
ground. A comparison between topography and current can be achieved by placing
a line scan of the topography image, taken at the site indicated by the black line,
above a line scan of the current image, taken at exactly the same position as indi-
cated by a red line in Figure 4.6(c). Both, topography and current, reveal a direct
spatial correlation: the center of each surface hill coincides with the center of each
well conducting unit, while the boundaries of the surface hills are less conductive
regions.
While AFM probes only the surface of a sample, cross-sectional TEM can be used
to investigate deeper regions and to determine the defect structure therein. Figure
4.6(d) shows an overview TEM image of the film discussed above. While the film
is grown in a coherent, epitaxial way, a dense distribution of small black spots
is visible across the film width. A magnification of the film region, as shown in
Figure 4.6(e), reveals the film to be rich in small, circular nanoclusters. These
clusters have a significantly increased defect density compared to the surrounding
material and show an increased lattice constant. While the initial explanations
for this increased lattice constant revolved around an increased Nb-concentration
within these clusters [73], subsequent EDX scans showed no inhomogeneity in the
Nb content. In view of the Sr deficient nature of the films a local enrichment in Sr
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Figure 4.6: (a) Topography and (b) current image of a 2 at% Nb-doped SrTiO3 film
grown under deposition conditions II. The surface consists of small, circular hills with
a conductive center and non-conducting boundaries. (c) This correlation is visualized
by two line scans taken at the same position within topography and current image.
(d), (e) The defect structure was checked by cross-sectional TEM and exhibits a dense
distribution of defect-rich nanoclusters.
vacancies is more plausible. Those vacancies can constitute the increased defect
density within the clusters and at the same time account for the local expansion of
the lattice constant due to their electrostatic repulsion. Ohnishi et al. described a
similar defect structure of Sr vacancy rich inclusions in a related material [65].
Looking for a comprehensive picture of the growth structure of our films by com-
bining all available data, the high laser fluence has led to a non-stoichiometry,
lattice expansion and a heteroepitaxy-like condition, while the combination of an
extremely high growth rate and a low deposition pressure imposes complex ki-
netic limitations. This specific set of growth conditions results in a growth type
previously described as "pseudo-two-dimensional island growth" [74], that is still
three-dimensional in character, but has much smaller surface islands than the
classical three-dimensional Stranski-Krastanov or Volmer-Weber growth modes.
A specific feature of this growth type is the uniform, circular shape of the surface
islands, their dense arrangement and a certain degree of short-range ordering be-
tween them (as shown in Figure 4.6(a)). It has been suggested that the surface
islands are related to threading dislocations intersecting with the film surface [74].
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There are three arguments in favor of this interpretation: on the one hand thread-
ing dislocations are the main extended defects in SrTiO3 thin films [75]. On the
other hand they are known to form a roughly regular network of dislocations with
a surface density similar to that of the surface islands [76][75]. Finally, if intersect-
ing with the surface, a threading dislocation forms roughly pyramidal structures,
that could be similar to the shape of an island [77].
Concerning the relation between defect structure and conductivity it can be fur-
ther speculated, that the center of an island or a dislocation should have a higher
conductivity than the boundaries, if the islands are related to threading disloca-
tions. This correlation would perfectly explain the observed conductivity pattern
in Figure 4.6(b). However, the TEM images shown in Figure 4.6 do not allow to
discern any threading dislocations, since their visibility depends very critically on
the observation direction. The only visible features in the current TEM data are
the Sr vacancy rich inclusions that show no apparent connection with the surface
morphology.
Combining all data it can be concluded that the films deposited under deposition
conditions II are grown in a coherent, epitaxial, but three-dimensional way, have
a Ti and defect-rich growth structure and a specific type of small, short-range-
ordered and well-conducting surface hills. However, a direct correlation between
conductivity pattern and microstructural features could not directly be obtained
for these samples.
4.4.2 Island Growth
An increase of the deposition pressure during growth, while keeping the same high
laser fluence (and therefore Ti/Sr ratio) and frequency as in the previous section,
results in altered growth kinetics and causes yet another type of growth and defect
structure. In Figure 4.7 the topography, conductivity and defect structure of a
100 nm thick and 2 at% Nb-doped SrTiO3 film grown under deposition conditions
III (see Table 4.1) are shown.
The surface structure has completely changed towards a much rougher morphology
(the rms roughness is approximately 5 nm), showing slightly longish, 50 - 100 nm
wide and 10 - 20 nm high islands. The conductivity is still inhomogeneous, but
has a different pattern as in the previous, low pressure case. Instead of well-
conducting units, well-conducting ring-like structures can be seen. A connection
between topographic features and conductivity is revealed by placing two line
scans at the same positions within topography and current image (Figure 4.7(c)).
Both are correlated with each other again. However, in this case the correlation
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Figure 4.7: (a) Topography and (b) current image of a 2 at% Nb-doped SrTiO3 film
grown under an increased deposition pressure (deposition conditions III). The surface
consists of large islands with conducting boundaries. (c) The correlation between
topography and conductivity is again visualized by two line scans taken. (d), (e) The
defect structure was checked by cross-sectional TEM. The film contains large growth
islands, extending from the substrate to the surface, with defect-rich boundaries. These
growth islands can be identified with the surface islands.
is exactly reversed to the previous case: the boundaries of each surface island are
very well-conducting regions while the center is less conducting.
This specific conductivity distribution can be very well related to the films' defect
structure as seen by TEM (Figure 4.7(d) and (e)). The overview image shows an
epitaxial film, consisting of closely packed columnar structures, or growth islands,
that extend from the substrate to the surface of the film. The boundaries of
these islands can be seen as dark, defective regions. A few of them are marked
exemplarily by white arrows. A magnification of such an island boundary is shown
in Figure 4.7(e).
Similar TEM data have been presented by He et al. for BaTiO3 thin films [78]. In
this case nearly stoichiometric BaTiO3 growth islands were surrounded by amor-
phous, Ti-rich boundaries. In the case presented here, the Ti excess - imposed
by the high laser fluence - has to stem from the island bulk and cannot be re-
stricted to the boundaries, since we observed an expanded lattice constant in the
corresponding XRD scans (not shown here).
The diameter of the columnar islands is of the order of 50 nm or more. Comparing
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TEM and AFM data, the surface islands seen by conductive AFM can be identified
with those columnar islands, extending down to the substrate and having defect-
rich boundaries.
The change of morphology and growth structure upon raising the deposition pres-
sure can be well explained by the increased kinetic limitations, since the migration
length is reduced by at least a factor of 4 when changing the pressure from pa-
rameter set II to set III in Table 4.1 [79]. This effect can be attributed to the
thermalization of the ablated particles arriving at the substrate surface. As a re-
sult, the growth of the Ti rich SrTiO3 changes from a coherent to an island growth
mode with rising oxygen pressure.
A similar transition from a "pseudo 2D" island growth at low pressures (as observed
in the previous section) to a Stranski-Krastanov type, full 3D island growth at
higher pressures has been reported by Shin et al. [74].
One can state that for this specific type of samples the defect-rich island bound-
aries exhibit a significantly increased conductivity compared to the less conductive
island centers. Since the only relevant conduction type at room temperature and
low voltages in the material used here is electronic conduction, the conductivity
can be described as
σ = e · µe · ne (4.2)
with the electron charge e, the conduction electron mobility µe and concentration
of conduction electrons ne. Hole-type contributions are negligible. Therefore, an
increased conductivity at the island boundaries has to be related to either an
increase in ne or an increase in µe. The electron mobility µe is related to the
local band structure, in particular the band bending, while ne is determined by
the local stoichiometry. Since the conductivity is typically extremely sensitive
to stoichiometry variations, the main part of the conductivity variation between
island boundary and center can be attributed to a stoichiometry and consecutive
ne change, while possible variations of µe play a secondary role.
ne is in first approximation (where point defect chemistry considerations have been
extrapolated to a local scale) equal to
ne = 2[V
··
O ] + [Nb
·
T i]− 2[V
′′
Sr] (4.3)
where V ··O are double positively charged oxygen vacancies, Nb
·
T i ionized and there-
fore positively charged dopant atoms and V
′′
Sr double negatively charged Sr va-
cancies. An increased ne at the island boundaries can therefore be caused by an
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increase of V ··O or Nb
·
T i or a decrease of V
′′
Sr. Since any variation of the Nb con-
tent across our film cannot be detected and since a decrease of Sr vacancies in a
SrTiO3 area of increased defect density seems unlikely, it can be concluded, that
the increased conductivity of the island boundaries might be related to an increased
oxygen vacancy content within these defective regions. While De Souza et al. have
reported on oxygen-deficient interfaces [80][81], Jia et al. could directly prove the
existence of oxygen-deficient, extended defects in SrTiO3 [70][82]. Concerning the
conductivity distribution Szot and Bihlmayer presented DOS calculations showing
a significantly improved conductivity in the direction of such a defect [4].
The observed high conductivity of the island boundaries can therefore possibly be
explained by a locally increased density of oxygen deficient, extended defects.
4.5 Growth of Anatase TiO2 Films
One of the most popular transition metal oxides to investigate resistive switching
is TiO2. However, in most cases it is sputter deposited and not PLD grown.
Resistive switching of both PLD grown SrTiO3 and sputter deposited TiO2 will
be discussed in detail in the following chapters. In order to make a connection
between those differently prepared samples, thin TiO2 films were grown by PLD
under deposition conditions similar to the SrTiO3 case and checked with conductive
AFM. However, In contrast to the previously described films this type of growth
is now heteroepitaxial; substrate and film are no longer of the same material and
the difference in lattice constants strongly aicts the film growth.
4.5.1 Growth Conditions
TiO2 occurs in three different crystal structures: rutile, anatase and brookite, all
having different lattice constants. For bulk samples rutile is the only phase that
is stable at all temperatures. Anatase and brookite are only metastable at low
temperatures and convert into rutile upon heating. However, for heteroepitaxial
thin films the issue of stability shifts due to a complex interplay between substrate
and film lattice constants, oxygen partial pressure and temperature.
The theoretical lattice constants for anatase TiO2 are a = b = 3.7842 Å and
c = 9.5146 Å [47], while rutile has values of a = b = 4.5929 Å and c = 2.9591 Å
[46] and brookite a = 9.184 Å, b = 5.447 Å and c = 5.145 Å [83]. If TiO2 is grown
on a Nb-doped SrTiO3 substrate with substrate lattice constants of a = b = c =
3.905 Å [35], the lowest lattice mismatch is reached for an (001) oriented anatase
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phase growth (approximately 3 %). In terms of lattice fit anatase is therefore the
preferred phase if TiO2 is grown on SrTiO3 substrates [84].
In addition to the lattice mismatch, the oxygen partial pressure within the PLD
chamber and the deposition temperature can also influence the TiO2 phase. Lussier
et al. presented a compilation of TiO2 films grown in Nb-doped SrTiO3 substrates
at different oxygen pressures and temperatures (Figure 4.8). While films grown at
low temperatures and low pressures possess rutile structure, anatase films can be
grown at higher temperatures and high pressures.
In order to receive well grown anatase TiO2 films, standard 1 at% Nb-doped SrTiO3
single crystal substrates, a growth temperature of 700 ◦C and a sufficiently high
oxygen pressure of 0.25 mbar were chosen. Those deposition conditions are similar
to those of the previously shown SrTiO3 thin films (parameter set I in Table 4.1).
Figure 4.8: Compilation of TiO2 films grown in Nb-doped SrTiO3 substrates at different
oxygen pressures and temperatures [85]. In order to grow anatase TiO2 films, com-
parable deposition conditions to the previously described SrTiO3 films were chosen
(parameter set I in Table 4.1).
4.5.2 Thin Film Properties
In Figure 4.9(a), the XRD overview scan of a 50 nm thick TiO2 film grown on a
Nb-doped SrTiO3 substrates under parameter set I (compare Table 4.1) is shown.
SrTiO3 substrate peaks as well as anatase (004) and (008) peaks are visible, in-
dicating that the film has mainly grown in anatase structure. A few very weak
rutile peaks are visible as well indicating that also a very small amount of rutile
is present [84]. The lattice constants that can be extracted from the XRD data
are c = 9.508 Å for anatase and c = 3.902 Å for the Nb-doped SrTiO3 substrate.
Compared to the literature bulk values, the c-axis of the anatase phase is slightly
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Figure 4.9: (a) XRD overview scan of a 50 nm thick TiO2 film grown by PLD on a
Nb-doped SrTiO3 single crystalline substrate. Both substrate and film peaks can be
detected. The position of the film peaks indicates that the film has mainly grown in
anatase structure. (b) The rocking curve width is significantly increased due to the
heteroepitaxial growth.
compressed. This compression can be explained by the tensile strain in the a-b-
plane: both a and b lattice constants are stretched to fit the SrTiO3 substrate.
Since most materials under strain have the tendency to keep their unit cell volume
constant, the c-axis is compressed accordingly.
The relatively large lattice misfit is also responsible for a broadened rocking curve:
the rocking curve, measured on the anatase (004) peak, has a full width at half
maximum (FWHM) of 0.7◦ (Figure 4.9(b)).1
The surface morphology shows again a hilly pattern (Figure 4.10(a)). The rms
roughness is only 0.3 nm and therefore relatively small. However, this low value
has to be related to the low film thickness of only 10 nm. The conductivity (Figure
4.10(b)) is inhomogeneous again and while a correlation between topography and
conductivity is less defined than in the SrTiO3 films discussed above its qualitative
behavior is similar to the SrTiO3 samples, as will be presented in Chapter 5.
While a more detailed analysis of the structure, including TEM data, is not yet
available, both, the lattice mismatch and the surface morphology, indicate a three-
dimensional and possibly even columnar growth mode.
1For comparison: unstrained, perfectly grown films have a rocking curve FWHM of 0.02 - 0.03◦,
which is close to the resolution limit of the XRD setup.
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Figure 4.10: (a) Topography and (b) current map of a 10 nm thick TiO2 film grown
by PLD on a Nb-doped SrTiO3 single crystalline substrate. The sample has a hilly
morphology with a roughness of 0.3 nm and an inhomogeneous conductivity.
4.6 Conclusion
In conclusion, SrTiO3 films of widely different defect structures could be obtained
using PLD. The respective growth modes and defect structures are directly de-
termined by the non-equilibrium PLD process and a complex interplay of the
deposition parameters. Combining TEM and conductive AFM data the growth
mode, the resulting defect structure and their impact on the local conductivity
were analyzed.
Homoepitaxial, layer-by-layer-structured films with a Ti/Sr ratio close to 1 can
be grown for a specific set of parameters. These films exhibit a defect structure
and conductivity pattern close to single crystals. Individual dislocations, that
extend across the sample and intersect with the surface, can be measured as small,
irregularly distributed conducting spots.
A variation of the deposition parameters shifts the stoichiometry and growth kinet-
ics and results in very different types of three-dimensional growth. Two extreme
cases were investigated:
• A coherent three-dimensional growth mode can be reached for Ti-rich films
grown at low pressure. These films exhibit an array of small, short-range-
ordered and well-conducting surface hills. Both, the size and the distribution
of these conducting hills hint at a connection with a network of threading
dislocations.
• A very clear picture of the connection between defect structure and con-
ductivity could be achieved for Ti-rich films grown at higher pressure and
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consecutively in a kinetically more restricted island growth mode. Columnar
growth islands with defect-rich island boundaries stretching from substrate
to surface can be directly identified with conducting ring structures on the
surface: each island boundary can be seen as a well conducting region, while
the less defective island centers are non-conducting.
The observed clear dependence of the local conductivity distribution on the defect
structure and eventually the deposition conditions can potentially pave the way
for defect engineering and tailored, nanoscale conductive structures in resistive
switching SrTiO3 thin films.
The implications of the various observed defect structures and conductivity pat-
terns for resistive switching on a local scale will be further discussed in Chapter 5.
MIM structures based on films grown in a layer-by-layer mode will be presented
in Chapters 6 and 7 to achieve a transition to resistive switching of a macroscopic
device.
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Virtual Electrode Switching
Conductive AFM is typically used as a passive probing tool to determine the sur-
face structure and local conductivity of a sample as described in the previous
chapter. In terms of resistive switching processes this corresponds to a readout
measurement that does not change the sample's resistive state. However, it is
also possible to use the AFM tip as an active switching tool. If biased with an
appropriate switching voltage it can be regarded as a mobile virtual top electrode.
The resistive switching behavior of a sample, that is usually measured and aver-
aged over a much larger, immobile top electrode area, can be reproduced on the
nanometer scale and can be locally resolved, showing which regions of the sample
contribute to switching processes in what way.
In this chapter, AFM tip induced switching is presented for thin film samples of
various compositions and defect structures. The switching process itself is char-
acterized by varying the oxygen partial pressure during switching. Reoxidation
studies of a low resistance state triggered by the AFM tip provide an estimate for
the degree and velocity of oxygen diffusion within the sample.
5.1 AFM Tip Induced Switching
AFM tip induced switching has been performed in a standard conductive AFM
setup as described earlier. Unless stated otherwise, all measurements have been
conducted under vacuum conditions.
In general, AFM switching can be induced by a variation of the applied tip voltage
during scanning. Two types of scans are possible: a mere readout scan at a low
voltage and a switching or write scan at higher voltages. The optimal readout
voltage value is reached for a voltage that is sufficient to provide a reasonable
current signal and low enough not to change the samples resistivity upon several
readout scans. Typical readout voltages are in the order of ±1 V to ±2 V in our
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Figure 5.1: AFM tip induced surface destruction. (a) Starting with a virgin surface of
an arbitrary sample, (b) a conductive AFM scan with a too high tip voltage causes
drastic and irreversible surface changes.
setup. A good way to test readout voltages is to record several images in a row
and to check the stability of the current values.
Optimal switching voltages are voltage levels that are high enough to change the
sample's resistance without destroying it. In order to ensure good reproducibil-
ity, special care was taken to avoid topographical and structural changes during
switching and to keep the switching voltage as low as possible. Higher voltages
result in a drastic alteration of the local surface structure. An exemplary case of
such a surface destruction can be seen in Figure 5.1. While Pellegrino et al. have
utilized such tip voltage induced surface changes to realize an AFM controlled
surface lithography [86], they are undesirable in terms of resistive switching, be-
cause they represent an undefined and irreversible change of the sample. Absolute
voltage values of 3 - 6 V were usually sufficient to change the sample's resistance
without modifying its morphology. Both readout and switching voltages need to
be readjusted for each sample.
It is important to mention, that any AFM tip induced switching process always
occurs right at or close to the surface of the sample. This localization of the
switching process is caused by the specific setup and the unusual electric field
distribution within the AFM setup: since the tip is rather sharp (its radius is
around 20 nm) the electric field can be approximated as a radial field. Its highest
field strength is reached close to the tip. About 80 % of field drop occurs within
the first 10 nm below the surface [57]. Resistive switching can occur only within
this region, where sufficient field strengths are reached.
A typical AFM switching procedure is shown in Figure 5.2. The scanned SrTiO3
sample is doped with 2 at% Nb and grown in the coherent 3D growth mode
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Figure 5.2: Reversible resistive switching in a 2 at% Nb-doped SrTiO3 sample grown in
a coherent, three-dimensional way. The conductive AFM current images show an array
of conducting units which can be switched between two different resistance states.
described in Subsection 4.4.1. Since the topography is constant throughout the
switching process and identical to the one shown in Figure 4.6, only current images
are shown. Starting with a readout scan at -1 V tip voltage against the sample
in part (a), the sample specific conductivity pattern can be seen. The measured
pattern is the previously described short-range-ordered array of well conducting
units. A central 500 x 500 nm2 square of these units appears bright and as a
conductive region. (All units outside this square have been previously switched off
to allow a better visual contrast.) Following this initial readout scan, the tip was
biased with a higher voltage of -3 V relative to the sample and scanned across the
upper right part of the central square (not shown here). A second readout scan,
that was taken after this switching step is shown in part (b): it reveals, that the
switching scan has caused all units within its scanning range to switch off into the
HRS. In order to switch these units back into the LRS, a second switching scan at
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an opposite tip voltage of +3 V relative to the sample is necessary. A subsequent
readout (part (c)) proves that the conductivity of those units has returned. When
continuing subsequent switching and readout scans a reversible switching loop
between LRS and HRS can be generated (part (d), (a), ...) that can be repeated
several times. The eventually limiting factor is not the sample but the AFM tip
wear off. An additional schematic representation of the overall switching procedure
is show in Figure 5.2(e).
Two observations can be made with respect to the qualitative properties of the tip
induced switching. Firstly, the AFM tip induced switching seems to be confined to
the film's inherent array of well conducting units. On a large scale the switching
effect can be approximated as homogeneous, in the sense that it can be induced
in any arbitrarily chosen and shaped area of the sample, without any structural or
surface changes. However, on a local scale it has a substructure that is dictated
by the conducting units. The conductivity of these units is changed by roughly
three orders of magnitude during switching, varying between a low current level
of 0.03 nA in the HRS and a high current level of roughly 10 nA in the LRS. The
surrounding region remains poorly conducting throughout the switching procedure
and therefore does not contribute to the effect.
Secondly, the conducting units can be switched individually: all units within a
scanned region are switched independently of their surrounding area and a kind
of current pattern lithography becomes possible (as shown in Figure 5.2). More-
over, local current-voltage scans can be recorded, that reflect the switching of the
respective, individual unit, when placing the tip permanently above a single unit
[87].
These data indicate, that resistive switching in this type of samples seems to be
restricted to the sample's specific conductivity pattern as imposed by its defect
structure. Assuming a network of threading dislocations, as suggested in Subsec-
tion 4.4.1, a switching process based on oxygen vacancy movement along individual
defects seems plausible. Further discussions on the nature of this process will follow
in Section 5.4 and Subsection 7.4.4.
In order to check if there is a general correlation between a sample's defect structure
and the site of resistive switching, further samples were switched and checked
with conductive AFM. Figure 5.3 contains current images of a 2 at% Nb-doped
SrTiO3 sample grown in an island growth mode as presented in Subsection 4.4.2.
Performing the same switching procedure as shown in Figure 5.2, a qualitatively
identical switching behavior can be observed: starting with a well conducting,
squared region in part (a), a smaller, central part of that square was scanned
with a switching voltage of -3 V. A subsequent readout scan (part (b)) confirms a
successful Off switching of that central region. Scanning with +3 V restores the
conductivity (part (c)), while scanning with -3 V decreases it again (part (d)).
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Figure 5.3: Reversible resistive switching in a 2 at% Nb-doped SrTiO3 sample grown
in an island growth mode. The conductive AFM current images show an array of
conducting rings, corresponding to the film's defect structure. These rings can be
switched between two different resistance states.
The topography of the sample is unchanged again during the switching process
and identical to the one shown in Figure 4.7 in the previous chapter.
While the qualitative switching properties, such as the overall procedure, the polar-
ity and the possibility to switch any designated region of the sample, are identical
to the properties of the previous sample shown in Figure 5.2, the site of resistive
switching has been adapted to the sample's changed defect structure: the defect-
rich growth island boundaries contribute to the switching, while the less defective
interior remains poorly conducting throughout the process. This tendency of an
overall similar qualitative switching behavior, with switching sites that are defined
by the sample's specific defect structure, can be observed for many different types
of thin films. Figure 5.4 shows an overview of topography and current images
of a PLD grown Fe-doped SrTiO3 sample (part (a)), a PLD grown TiO2 sample
(part (b)) and a sputtered TiO2 (part (c)) sample. All samples exhibit different
local conductivity patterns. For the Fe-doped SrTiO3sample and the PLD grown
TiO2 film a certain connection between the hilly topography and the conductivity
pattern can be implied (although not as clearly as for the samples in Subsections
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Figure 5.4: Current images of switched areas in a (a) 1 at% Fe-doped SrTiO3 film, (b)
a PLD deposited TiO2 film and (c) a sputtered TiO2 film. While all samples show
different local conductivity patterns, according to their respective defect structures,
the overall switching process is qualitatively identical in terms of switching voltage
and polarity.
4.4.1 and 4.4.2). In case of the sputtered TiO2 sample the conductivity pattern
appears as somewhat diffuse. This can be explained by the considerably larger
surface roughness of a sputtered sample.
Although the overall pattern and structure varies from sample to sample, the
qualitative switching effect and procedure is similar.
5.2 Influence of the Surrounding Atmosphere
The particular nature of the defect-structure-confined but otherwise identical
switching in all investigated samples raises the question what kind of common
mechanism can be responsible for this effect. Most proposed resistive switching
mechanisms rely on oxygen vacancy movement out of the bulk, into the surface at
negative voltages and a resulting switching into the LRS. The subsequent switch-
ing into the HRS is explained by an oxygen vacancy movement out of the surface
and into in the bulk at positive voltages [25][88] (compare Subsection 7.4.4). It
has been suggested that this type of vacancy movement preferentially occurs along
defects [4]. However, the problem with this type of mechanism is the fact, that
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Figure 5.5: AFM tip induced resistive switching of a 1 at% Fe-doped SrTiO3 sample in
(a) 10 Pa Forming gas, (b) in vacuum and (c) in 10 Pa Oxygen. No influence of the
surrounding atmosphere on the switching process can be discerned.
it does not explain the observed switching polarity correctly: in case of the AFM
switching, a positive voltage is needed to switch into the well conducting state,
while a negative voltage is needed to switch into the poorly conducting state. In
order to explain this reversed polarity based on oxygen vacancy movement, either
a local inversion of the dopant distribution [89][90] or an exchange of oxygen be-
tween sample and surrounding atmosphere are conceivable (see Subsection 7.4.4
for a more detailed discussion). While the first is an internal process, the latter
possibility depends on the amount of oxygen available in the AFM chamber.
In order to test the influence of the surrounding gas atmosphere on the AFM tip
induced switching, the switching experiment described above has been repeated
under different atmospheres. After inserting the sample into the AFM and evacu-
ating the chamber to a base pressure of 10−4 Pa, the AFM chamber was flooded
up to a pressure of 10 Pa with either Forming gas, consisting of 96 % Argon and
4 % Hydrogen, or with pure Oxygen, inducing a variation of the Oxygen content
over several orders of magnitude. Figure 5.5 shows current images of a 1 at%
Fe-doped SrTiO3 thin film that has been switched in such a reducing Forming gas
environment (part (a)), in vacuum (part (b)) and in an oxidizing Oxygen atmo-
sphere (part (c)). The switching itself is independent of the surrounding gas: the
overall process, the voltage values, current levels and resistance ratios are nearly
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Figure 5.6: (a) Current image of an AFM tip written low resistance state under vacuum.
(b) Current image of the same region of the sample after the system has been flooded
with air. No conductivity can be seen. (c) and (d) After re-evacuation traces of
the low resistance state are visible again. Its overall conductivity has been decreased
during the exposure to air.
identical in all three cases. Therefore, switching seems to be a completely internal
process that does not involve any exchange between the sample and its surround-
ings. This observation is further supported by standard MIM structure switching
experiments that are also independent of the gas atmosphere [90].
With respect to the internal nature, it is interesting to note, that switching works
well in vacuum, Oxygen or even pure Carbon dioxide conditions, while a simple
inlet of air hinders the switching experiment substantially. Figure 5.6(a) shows
a conducting region of the above 1 at% Fe-doped SrTiO3 sample, switched in
a standard way under vacuum conditions. This switched state is typically very
stable, as will be shown in the following section. However, if the chamber is flooded
with air and a second readout image is recorded (part (b)), all conductivity vanishes
and no switched state can be seen. Consequently, switching in air is impossible.
Evacuating the chamber and recording additional readout scans, reveals traces of
the initial switched state again (parts (c) and (d)), indicating that it still exists
and has not completely vanished. However, the current levels are much lower than
in part (a) and the overall visibility is much worse.
There are two possible explanations for this deterioration of the conductivity and
switching properties in air: one possibility would be an expedited oxidation of the
conducting surface in air. Since neither pure Oxygen nor pure Carbon dioxide
(not shown here) are capable of oxidizing the surface in such a quick way, other
components in the air, such as water, might be responsible for triggering a quick
oxidation. A second possible contribution would be a clogging of the surface
with poorly conducting adsorbates. This could explain the difficulty in obtaining
reproducible conductivity scans in air. A pattern written under vacuum conditions
is not extinguished, but its visibility is dramatically lowered by a thick adsorbate
layer.
68
5.3 Reoxidation of the Low Resistance State
As AFM is a surface sensitive method, the data emphasize again the importance
of obtaining and maintaining sufficiently clean surfaces.
5.3 Reoxidation of the Low Resistance State
The longtime stability of a once written, well conducting state was checked. For
this, a written area was kept at room temperature under either vacuum conditions
or Forming gas or Oxygen conditions. Its conductivity was monitored over time
by recording a readout image every 15 minutes. The passive nature of the readout
process itself was monitored by recording several images in a row and adjusting
the readout voltage in such a way that no current level variations are induced.
Figure 5.7: Stability of an AFM tip written low resistance state under (a) 10 Pa Forming
gas, (b) under vacuum and (c) under 10 Pa Oxygen. The state is stable under
both Forming gas and vacuum. If exposed to Oxygen, a reoxidation and subsequent
decreasing of the conductivity occurs.
Figure 5.7 shows three sets of periodically recorded conductive AFM readout im-
ages, showing the 1 at% Fe-doped SrTiO3 film kept in 10 Pa Forming gas (part
(a)), under 10−4 Pa vacuum (part (b)) and in 10 Pa Oxygen (part (c)).
Under the reducing conditions provided by the Forming gas, the well conducting
state is very stable. No variation of the current levels can be detected over a time
span of 90 min. A similar behavior can be observed under vacuum conditions.
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While the vacuum is not particularly high and has a reasonable amount of back-
ground gas (10−4 Pa), it is still sufficient to preserve the well conducting state
over the investigated time period with only a slight decrease of current levels over
time.
However, this stability is lost, if a sample is kept in Oxygen atmosphere. Within
the first 15 to 30 min the conductivity decreases significantly and eventually van-
ishes completely. This behavior hints at a reoxidation process. While the exact
switching mechanism is still unknown, it is reasonable to assume, that the initially
written, well conducting low resistance state corresponds to a certain degree of
oxygen deficiency within the film. This reduced material can be reoxidized and its
conductivity is lowered accordingly.
5.3.1 Basic Principles of Oxygen Incorporation
Assuming an initially reduced and therefore V ··O containing low resistance area of
a SrTiO3 sample, (as described in the previous section), a reoxidation process in
external O2 occurs along the following equation [80]
1
2
O2 + V
··
O 
 OxO + 2h· (5.1)
This reaction consists of a surface reaction and a bulk diffusion part. Comparing
their respective reaction rates, the slowest process dominates the overall reaction.
The local concentration of incorporated Oxygen in the sample is typically denoted
by a time and position dependent function c(~r, t). It is determined by the specific
differential equations describing the surface reaction and bulk diffusion. Both
will be discussed in more detail in the following two subsections. The overall
concentration of incorporated Oxygen c(t) can be derived by integration over all
positions ~r.
Assuming only electronic conduction the concentration c(t) can be related to the
overall conductivity σ(t) by
σ(t) = µne ≈ µ · 2[V ··O ](t) · e = µ · 2([V ··O ]t=0 − c(t)) · e (5.2)
with an electron concentration n, an electron mobility µ, the electron charge e and
an oxygen vacancy concentration [V ··O ](t).
However, in most cases neither c(t) nor σ(t) are expressed directly by but a so-
called equilibrium degree γ
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γ(t) =
c(t)− c(0)
c(∞)− c(0) (5.3)
Using equation 5.2 this translates into
γ(t) =
σ(t)− σ(0)
σ(∞)− σ(0) (5.4)
This general three-dimensional description is usually simplified to a one-
dimensional case, assuming a sample with a surface along the y-z-plane, a thickness
L in x-direction and an oxygen diffusion that occurs only in x-direction.
While in theory the oxygen content and distribution within a sample should be
"frozen" at room temperature, reactions involving only short-range ionic motion
across a few unit cells are still possible [80]. Moreover, easy diffusion paths such
as extended defects have not been accounted for in the mobility estimations and
can increase the oxygen mobility at room temperature [4].
Surface Reaction
The surface reaction consists of a dissociation of O2 into Oxygen ions and a sub-
sequent incorporation across the surface. It can be described by a surface reaction
equation
j(x, t) = −kS · δc(x, t)|x=0 (5.5)
with a flux j, a reaction constant kS and a concentration variation δc|x=0 at the
surface [80]. Integration of this equation over the sample thickness L leads to an
exponential expression of γ
γ(t) = 1− e− kStL (5.6)
Typical temperature dependent values of kS are of the order of 10−4 to 10−6 cm/s
at 1000 ◦K [80]. A simple extrapolation of these data down to room temperature
yields values of reaction constants of the order of 10−29 cm/s.
The surface reaction is typically the dominating part of the overall reoxidation
process for thin film samples or for measurements performed at low temperatures
[80].
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Bulk Diffusion
Once an oxygen ion is incorporated into the sample, it can diffuse across the bulk.
This diffusion is described by Fick's first law
j(x, t) = −D · ∂
∂x
c(x, t) (5.7)
with an oxygen flux j(x, t) and a bulk diffusion coefficient D. Using the continuity
equation
∂
∂t
c(x, t) +
∂
∂x
j(x, t) = 0 (5.8)
Fick's second law can be derived
∂
∂t
c(x, t) = D · ∂
2
∂x2
c(x, t) (5.9)
With the boundary condition of a purely one-dimensional diffusion in x-direction
and a sample thickness of L, this differential equation can be solved and the factor
γ in equation 5.3 can be written as [91]
γ(t) = 1−
∞∑
n=0
8
(2n+ 1)2pi2
· e−D(2n+1)
2pi2t
L2 (5.10)
For either very short or very long times t this expression can be simplified into
γ(t) =
4
Lpi
1
2
·
√
Dt, for t→ 0 (5.11)
or
γ(t) = 1− 8
pi2
· e−pi
2Dt
L2 , for t→∞ (5.12)
An overview of typical temperature dependent values of the bulk diffusion coef-
ficient D can be found in [80]. At 1000◦K the diffusion coefficient of Fe-doped
SrTiO3 is of the order of 10−4 cm2/s. An extrapolation down to room temperature
yields values of approximately 10−14 cm2/s.
72
5.3 Reoxidation of the Low Resistance State
An alternative way of extrapolating the bulk diffusion coefficient to room temper-
ature is to consider the Einstein equation
D =
µV ··O kBT
e
(5.13)
with the Boltzmann constant kB and the temperature T . The oxygen vacancy
mobility µV ··O for a thermally activated behavior is given by the activation energy
for the transport of oxygen vacancies EA.
µV ··O =
1
T
· e−
EA
kBT (5.14)
Using an activation energy of roughly 1 eV - a typical value for most perovskites
[80][92][93] - the diffusion coefficient can be estimated as 3.62 · 10−6 cm2/s at 1000
◦K and 7.65 · 10−18 cm2/s at room temperature.
The bulk diffusion is typically the dominating part of the overall reoxidation pro-
cess for samples, that are either rather thick or for measurements performed at
high temperatures [80].
5.3.2 Reoxidation Kinetics
In order to compare the theoretical predictions cited above with the oxidation
data shown in Figure 5.7(c), the factor γ was calculated for each AFM image by
extracting the average current of the well conducting area for each image, trans-
forming it into the average conductivity and computing γ according to equation
5.4.
Figure 5.8 depicts the evolution of these γ values in time. Part (a) and (b), show
the same underlying set of data points. In the first case an exponential fit according
to a surface reaction as in equation 5.6 has been added, while in the latter case
fits according to equation 5.11 and 5.12 have been performed, that correspond to
a short time (blue line) or long time bulk diffusion (red line). Both, the surface
reaction and the bulk diffusion fits show reasonable agreement with the measured
data.
The interpretation of the data and an answer to the question, if the observed
reoxidation data represents a surface reaction or bulk diffusion dominated process
is complicated, because of the unique measurement setup (AFM measurements
conducted at room temperature) and a lack of comparable measurements in the
literature.
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Figure 5.8: Evolution of the equilibrium degree γ retrieved from each AFM image in
Figure 5.7(c) over time. (a) Both the exponential law corresponding to a surface
reaction as well as (b) the squareroot and exponential laws corresponding to a bulk
diffusion process have been fit to the data.
Conventional measurements of ceramics, conducted at elevated temperatures, sug-
gest, that for the sample shown in Figures 5.7 and 5.8 with a small thickness,
measured at low temperatures, the surface reaction should be slower than the bulk
diffusion. Therefore, the surface reaction should dominate the overall process. Fit-
ting equation 5.6 into the data set (Figure 5.8(a)) yields an exponential factor that
would correspond to a surface reaction constant of kS = 10−11 cm/s. Compared
with an extrapolated literature value of 10−29 cm/s, this value is extremely high.
Judging from this apparent high velocity of the measured reoxidation process, the
surface reaction seems to be exceedingly accelerated. Such an increased surface
reaction speed can be partly accounted for by the reduced, "electron-rich" nature
of the thin film sample, since the slowest process of the overall surface reaction is
the reduction of molecular oxygen and its dissociation into negatively charged oxy-
gen ions. This step can be significantly accelerated by providing readily available
electrons [80]. The electron-rich character of the sample is further enhanced by
the fact that the investigated area has been previously set to the well conducting
LRS.
As the surface reaction is presumably no longer the slowest and therefore rate-
determining reaction of the overall oxygen incorporation process, the alternative
of a bulk diffusion dominated process has been considered (Figure 5.8(b)). In this
case, equation 5.11 and 5.12 can be fit to a data range at short and long times.
Both fits provide values of the bulk diffusion constant of D = 4.36 · 10−17 cm2/s
for the square root short time fit and D = 5.36 · 10−17 cm2/s for the exponential
long time fit. A comparison with the diffusion constant value of 7.65 · 10−18 cm2/s
based on literature activation energies reveals reasonable good agreement. Using
equation 5.13 the mobility can be calculated as 3.8 · 10−15 cm2/Vs.
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Figure 5.9: (a) Assuming a bulk diffusion coefficient of 5 · 10−17 cm2/s time-dependent
concentration profile of the incorporated oxygen can be calculated. (b) The mean
penetration depth of the incorporated Oxygen is of the order of a few nanometers
within 1 hour of reoxidation time.
Assuming a bulk diffusion coefficient of 5 · 10−17 cm2/s, it is possible to calculate
the time-dependent concentration profile of the incorporated oxygen c(x, t). The
profile is given as a solution of Fick's second law under the boundary conditions
described in Section 5.3.1 by the expression
c(x, t) =
2√
pi
· erfc( x√
4Dt
) (5.15)
with a complementary error function erfc(x). A plot of this concentration pro-
file across the sample at different points in time is shown in Figure 5.9(a). An
increasing penetration of the sample at longer times can be observed. The mean
penetration depth is defined as the depth where the concentration falls to 1/e
of its initial value. A plot of the mean penetration depth versus time is given
in Figure 5.9(b). Due to the low temperature and therefore low diffusion coeffi-
cient, even long oxidation times cannot provide a penetration beyond the first few
nanometers.
5.4 Mechanism and Conclusion
Summarizing the findings described above it can be stated that using an AFM
tip as a switching electrode bipolar resistive switching can be reproduced on the
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Figure 5.10: Suggested model for the AFM tip induced resistive switching effect. (a)
Due to the specific electric field distribution only oxygen vacancies residing in the
upper layer of the sample are attracted by a negatively biased tip. (b) The voltage
induced redistribution of oxygen vacancies leads to a vacancy depleted layer and an
overall increase of the sample resistance. (c), (d) A positively biased tip can reverse
this process and restore the low resistance state.
nanometer scale. This can be observed in many transition metal oxides. It relies
on a voltage driven oxygen vacancy movement, preferentially occurring in defect-
rich regions of the investigated sample. This is in good agreement with previous
reports, where switching has been described as an oxygen vacancy movement along
individual defects [4][5].
In the absence of an electric field, the concentration gradient driven oxygen diffu-
sion coefficient and mobility is rather low, as could be shown by reoxidation studies.
This is important for the long-term stability of a written state on a film.
The specific switching polarity observed in this work, is reversed to the previously
reported AFM switching in references [4] and [5] and calls for a more elaborated
switching model. The fact, that switching is an internal process independent from
the surrounding atmosphere as well as the fact, that due to tip and sample geom-
etry, it is confined to the upper sample interface, hints at a mechanism involving
a local inversion of the dopant profile [89][90] as illustrated in Figure 5.10 as a
preliminary sketch.
Starting with a moderately reduced virgin state in Figure 5.10(a) (resulting from
the thin film deposition process, as described in Section 4.3), a negatively biased
AFM tip attracts oxygen vacancies. Due to the radial electric field (sketched in
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black) and inhomogeneous potential drop this vacancy attraction is limited to the
upper few nm. Oxygen vacancies coming from this region accumulate at the sur-
face (blue layer in Figure Figure 5.10(b)). At the same time the supply of oxygen
vacancies from below is hindered because the electric field is not sufficiently high in
these regions and the diffusion in the absence of a field is very low. This results in
an oxygen vacancy depleted region (shown in light yellow) that is of insulating char-
acter. The overall resistance rises and the sample switches to the high resistance
state. A positive voltage treatment reverses this process by pushing the oxygen
vacancies back into the depleted region and restoring the overall well conducting
state (Figure 5.10(c) and (d)). While the process appears to be homogeneous on a
larger scale, on a local scale it is confined to the sample's specific defect structure.
A more detailed description of this suggested switching mechanism is provided in
Subsection 7.4.4.
While AFM tip induced switching can generate a resistance change on a local
scale, the question rises, in what way this type of switching is related to switching
effects in complete MIM structures. The preparation and switching of such MIM
structures will be discussed in Chapter 6. The investigation of a switched MIM
interface with conductive AFM will be presented in Chapter 7 and a comparison
with the AFM results of this chapter will be made.
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Chapter 6
Electroforming and Resistive
Switching of MIM Structures
The transition from pure resistive switching oxide layers to electrically accessible
structures within a complete ReRAM concept is very important in terms of fu-
ture application. Although IBM has presented a data storage concept involving
thousands of small AFM tips as movable nanoelectrodes that could theoretically
relate to the AFM induced switching discussed in the previous chapter [94], the
most common way to realize and investigate resistive switching is still to fabri-
cate stacked MIM cells, containing the switching oxide positioned between two
electrodes.
In order to achieve resistive switching within such structures they have to undergo
an initial treatment step causing a resistance degradation. After this so-called
electroforming step different types of resistively switching states can be accessed.
In the following two chapters two different sample systems will be presented
and discussed according to their electroforming and resistive switching properties:
sputtered amorphous TiO2 and PLD grown crystalline Fe-doped SrTiO3 samples.
While amorphous TiO2 is easier to fabricate in an industrialized process and closer
to potential applications, the epitaxially grown SrTiO3 samples possess the more
defined defect structure. A detailed analysis of this defect structure has been
presented in Chapter 4.
The current chapter contains the electroforming behavior of both, TiO2 and 1
at% Fe-doped SrTiO3 samples, as well as a discussion of their characteristics in
a simplified model. Resistive switching properties will be introduced and charac-
terized into two different switching types. This data provides the basis for more
sophisticated investigations of the active switching interface and a separation of
the underlying mechanisms in Chapter 7.
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6.1 Sample Preparation
6.1.1 Sputtered TiO2
The investigated TiO2 samples consist of a layered
Ti(5nm)/Pt(15nm)/TiO2(30nm)/Pt(30nm) stack on top of a Si/SiO2 wafer.
Both bottom and top electrode are deposited by electron beam evaporation at
ambient temperature and are patterned using a shadow mask. The TiO2 layer is
sputter deposited from a titania target at 250◦C as a blanket layer without any
patterning. The structure of the deposited oxide layer is amorphous. A sketch
of the stack structure as well as an optical microscope image of the final sample
consisting of the patterned electrodes and the blanket TiO2 layer situated in
between is shown in Figure 6.1 (a). The size of the resulting junctions varies
between 5x5 µm2 and 16x16 µm2.
Figure 6.1: (a) Design of a Pt/TiO2/Pt sample. The oxide layer was sputter-
deposited as a blanket layer, while electrodes were evaporated through a shadow
mask. Typical junction sizes are between 5x5 µm2 and 16x16 µm2. (b)Design of
a Nb:SrTiO3/Fe:SrTiO3/Pt sample. The 1 at% Fe-doped SrTiO3 film is grown by
PLD onto a single crystalline Nb-doped SrTiO3 substrate. Pt electrodes in an ar-
ray of 10x10 µm2 junctions as well as Ti marker structures are patterned by optical
lithography.
6.1.2 PLD grown Fe-doped SrTiO3
The Fe-doped SrTiO3 samples were prepared by PLD from a 1 at% Fe-doped
SrTiO3 target in a process identical to the one described in Section 4.2.
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Positive Process (Etch Down) Negative Process (Lift Off)
Metal Layer 100 nm Pt 100 nm Ti
Photo Resist AZ5214E, spun at 4000 rpm for 30 s
Bake 90◦C for 5 min
UV Exposure 60 sec 18 sec
Reversal Step - Bake at 120◦C for 1 min
Flood Exposure for 90 sec
Development AZ326 for 40 sec AZ326 for 55 sec
Table 6.1: Parameters used for optical lithography. The Pt electrodes were structured
via an Etch Down Process from a continuous Pt layer. The Ti marker struc-
tures were fabricated via a Lift Off Process.
The Nb-doped SrTiO3 substrate on which the films are grown is a metallic con-
ductor (R ∼ 50Ω) and is used as a bottom electrode. In contrast to the TiO2
samples discussed in Subsection 6.1.1 the bottom electrode is not structured but
remains a single conducting crystal. Previous studies have shown that this type of
bottom electrode yields by far the best results in terms of switching stability and
reproducibility [90].
The top electrodes consist of a 100 nm thick evaporated Pt layer that is structured
by optical lithography and reactive ion beam etching. All lithography parame-
ters are given in Table 6.1. In addition to the Pt electrodes triangular marker
structures consisting of a 100 nm thick Ti layer were sputter-deposited onto the
sample. These markers were designed to facilitate locating and addressing specific
electrodes under an optical microscope as well as within an AFM setup.
An optical image of the final sample is shown in Figure 6.1(b). Both Ti markers
and Pt electrodes can be seen. The size of the Pt electrodes was typically 10x10
µm2.
6.2 Electrical Characterization
6.2.1 Virgin State
The initial resistive state of both TiO2 and 1 at% Fe-doped SrTiO3 samples is
highly insulating. I-V -curves for both types of samples are shown in Figure 6.2.
Currents are in the order of nA and the curves have a rectifying shape. The form
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Material Work function Source
Pt 5.12-5.93 eV CRC Handbook [95]
Ti 4.33 eV CRC Handbook [95]
Nb:SrTiO3 4.1 eV Article [96]
Fe:SrTiO3 4 eV Estimation
TiO2 4.13 eV Article [97]
Table 6.2: Work function values of oxide and electrode materials discussed in this
chapter.
of the curves can be qualitatively explained by comparing the work function of the
respective oxide and electrode materials given in Table 6.2.
The Fe-doped SrTiO3 films grown by PLD are n-type semiconductors in spite
of their acceptor doping. The reason for this peculiar behavior are the slightly
reducing deposition conditions and a resulting self-doping with oxygen vacancies
(compare Section 4.3). These vacancies act as n-type donors and outweigh any
background acceptor doping [18]. The estimated work function of the oxide film
is 4 eV. The Nb-doped SrTiO3 substrate is a shallow work function electrode and
therefore forms an ohmic interface with the Fe-doped SrTiO3 oxide layer. Pt on
the other hand has a deep work function, which results in the formation of a
Schottky barrier at the upper interface. The overall I-V -behavior of the Fe-doped
SrTiO3 sample is therefore dominated by the upper interface, showing a rectifying
behavior corresponding to a Schottky barrier.
In the case of the TiO2 samples the difference in work functions between Pt and
TiO2 causes the upper interface to be rectifying as well. The lower interface
exhibits slightly unusual behavior: although it should be rectifying - resulting in
a back-to-back configuration - it seems to be quite well conducting. A possible
explanation for this behavior could be Ti diffusion from the adhesion layer through
the thin Pt bottom electrode layer and a corresponding lowering of the interface
barrier height [20].
6.2.2 Electroforming
For the Fe-doped SrTiO3 samples electroforming is typically realized by applying
a DC voltage to the top electrode and by monitoring the resulting current flowing
through the stack (Figure 6.3 (a)). Over a time span of several minutes the sample
resistance decreases by several orders of magnitude. In order to prevent a full
electric breakdown and a shortening of the device a current compliance is set. For
82
6.2 Electrical Characterization
Figure 6.2: (a) Electrical Virgin state of a Fe-doped SrTiO3 sample and (b) a TiO2
sample.
the Fe-doped SrTiO3 films a forming voltage of 7 to 9 V and a current compliance of
0.5 to 1 mA are needed to enable resistive switching. For the TiO2 samples forming
was performed by sweeping the voltage at the top electrode from 0 V to either a
positive or a negative critical value and measuring the current response (Figure 6.3
(b) and (c)). Both polarities allow a reduction of the sample's resistance, but they
will result in different resistive states. The exact influence of the forming polarity
will be further discussed in Subsection 6.2.3.
Comparing the forming features of both Fe-doped SrTiO3 and TiO2 samples it
is evident, that the current levels as well as the electrical power needed for a
successful forming procedure are quite different. In the case of sputtered TiO2
current levels of 5 mA and a temporary power close to 10 mJ are needed to
complete forming. In the case of the PLD grown SrTiO3 samples, however, a
decreased forming current of 0.5 mA and a temporary power of only 4 mJ are
necessary. This decreased power becomes important when comparing the influence
of the respective electroforming step on the sample structure in Chapter 7. It
can be understood by considering the stoichiometry of the virgin state. While
the TiO2 samples are roughly stoichiometric, the PLD grown SrTiO3 samples are
clearly oxygen deficient (see Subsection 6.2.1). This oxygen deficient state can be
regarded as a "pre-formed" state that facilitates the subsequent forming process
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Figure 6.3: Virgin I-V -curve, electroforming step and After-Forming I-V -curve for (a)
Fe-doped SrTiO3 and (b), (c) TiO2 samples.
[18].
6.2.3 Formed State and Resistive Switching
After performing the electroforming step described above both Fe-doped SrTiO3
and TiO2 samples exhibit stable bipolar resistive switching behavior. Figure 6.4
shows typical I-V -curves of both types of samples. Two resistive branches can be
observed - LRS and HRS. By sweeping up to a critical positive voltage a transition
from LRS to HRS is induced while a corresponding negative voltage sweep sets the
sample back from HRS to LRS. Both Fe-doped SrTiO3 and TiO2 samples show
strikingly similar switching behavior. The resistance ratio RHRS/RLRS is of the
order of 200 in both cases.
84
6.2 Electrical Characterization
Figure 6.4: Resistive switching of Fe-doped SrTiO3 and TiO2 junctions.
It is interesting to note that the voltage polarity used for forming determines
whether resistive switching starts from the high or from the low resistive branch.
Figure 6.5 shows forming and I-V -characteristics of all three types of samples:
positively formed Fe-doped SrTiO3, positively formed TiO2 and negatively formed
TiO2.
After positive forming the Fe-doped SrTiO3 sample (Figure 6.5 (a)) is in a state
close to the high resistive branch of the final switching curve (compare the first
sweep after forming depicted in blue to the resistive switching hysteresis curve
depicted in black). A first sweep from 0 V to a negative voltage of typically -2 to
-3 V is needed to switch the device into a low resistive state. After this first sweep
stable resistive switching can be achieved with switching voltages in the order of
±1V .
A qualitatively similar behavior is observed for the positively formed TiO2 sample
(Figure 6.5 (b)). Positive electroforming leads to a high resistive branch while the
first sweep after forming sets the sample into the low resistive branch of subsequent
switching cycles.
On the other hand, negative electroforming, sets the sample into its low resistive
state (Figure 6.5 (c)). A positive voltage sweep is needed to switch into the high
resistive state.
6.2.4 Simplified Electroforming Model
The overall electrical degradation of the sample can be explained by an electro-
chemical redox reaction: the oxide close to the cathode is reduced while the oxide
close to the anode is oxidized. In the picture of oxygen vacancy migration in an
electric field this corresponds to a migration of oxygen vacancies towards the cath-
ode. The vacancies will accumulate there, lower the local resistance and virtually
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Figure 6.5: Electroforming and subsequent switching of (a) Fe-doped SrTiO3 and (b),
(c) TiO2 samples. The forming polarity determines whether the sample resides in the
LRS or HRS after forming. The forming process can be qualitatively explained within
a simple oxygen vacancy migration model.
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extend the cathode a little bit into the oxide layer. More vacancies will accumulate
at this "new" cathode and over time this process will extend more and more into
the film, reducing the oxide on its way, until the overall resistance drops sufficiently
and the sample can be considered as "formed". At the same time a corresponding
accumulation of oxygen at the anode takes place [98].
It has been intensely discussed whether this reduction of the oxide layer affects
the whole oxide film between the electrodes or whether it is a local process that
occurs along preferential migration channels. Electrode area dependence studies
[90] as well as Local Pressure Modulated AFM measurements [24] already indicate
the existence of a confined conducting channel beneath the electrode and suggest
a local nature of the electroforming and reduction process.
In a very simplified model forming along such a channel can be explained as de-
picted in Figure 6.5: During positive electroforming (Figure 6.5 (a) and (b)) the
Schottky like top interface between film and oxide layer is forward-biased and rel-
atively conductive. The lower interface between oxide layer and bottom electrode
is also well conducting (ohmic in the case of Fe-doped SrTiO3 and reduced in the
case of TiO2 - compare Subsection 6.2.1). Therefore, the main voltage drop oc-
curs across the bulk film, attracting oxygen ions towards the top electrode and
oxygen vacancies towards the bottom electrode. This oxygen diffusion will be con-
centrated along easy diffusion paths such as defects or grain boundaries. Within
these paths oxygen vacancies start to pile up and - due to electrostatic repulsion
- eventually form conducting channels that grow through the film towards the top
electrode. As soon as one of these channels reaches the vicinity of the top elec-
trode, the sample resistance drops and the device reaches its formed state. Due
to the positive bias at the top electrode the electric field repels the growing va-
cancy channel and prevents it from touching the electrode. Although the overall
resistance is decreased, the Schottky-like barrier is not completely reduced and
the post forming state corresponds to the HRS branch of subsequent switching
cycles. The first voltage sweep after the electroforming step reverses the bias at
the top electrode from positive to negative, causing the channel to connect to the
top electrode and therefore switches the sample into its LRS branch.
In the case of a negative electroforming step (shown in Figure 6.5 (c)) the process is
reversed: the upper Schottky-like interface is reverse-biased and the main voltage
drop occurs across the interface causing oxygen vacancies to accumulate there.
Their doping effect eventually reduces the Schottky barrier height and the interface
becomes conductive. Aided by an increased current flowing through the device an
oxygen vacancy channel grows towards the bottom interface until the externally
set current compliance kicks in and the forming process is stopped. In this state
both bulk and top interface layer are reduced and the sample reaches the LRS. A
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subsequent positive voltage sweep can be used to oxidize the upper interface again
and switch to the HRS.
Direct proof and visualization of this assumed forming channel, its diameter and
structure can be obtained by removing the electrode and investigating the pure
interface. These results are discussed in Chapter 7.
6.2.5 Switching Polarity
The resistive switching investigated for TiO2 and Fe-doped SrTiO3 has been of
bipolar type only. Although TiO2 is also capable of unipolar switching [99], here
only bipolar switching is considered. Due to this bipolar nature a defined voltage
polarity is needed to switch the sample into either LRS or HRS. This switching
polarity is crucial for understanding the underlying processes.
For the TiO2 samples only the switching polarity described above has been ob-
served: a negative voltage at the upper, active interface decreases the sample
resistance and switches the stack into the LRS, while a positive voltage increases
the resistance and switches the stack into the HRS (compare Figure 6.4(b)). This
is consistent with literature reports [20][99][100].
Figure 6.6: (a), (c) Two kinds of switching polarities can be found for the Fe-doped
SrTiO3 samples. (b) A transition between both states can be induced by varying the
voltage sweep range.
In the case of Fe-doped SrTiO3 two types of resistive switching behavior could be
observed: a dominant one, possessing the polarity discussed above, and a secondary
one, exhibiting the opposite switching polarity (Figure 6.6).
Typical switching voltages for the first type are between 1 to 2 V. The resulting
currents are of the order of 0.5 to 1 mA. Switching within this voltage and current
range is usually very stable (Figure 6.6(a)). However, when increasing the sweep
range in the negative branch and going to lower voltages a transition takes place
and another resistive state is reached (Figure 6.6(b) and (c)). Within this new
state switching is also possible but the switching polarity has been reversed. Now
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a positive voltage at the top electrode is needed to switch the sample into the
LRS while a negative voltage switches it into the HRS. This transition from one
switching polarity to the other is reversible to some extent, but frequent transitions
will eventually cause fatigue and the stack will drift into a high resistive, non-
switchable state.
6.3 Conclusion
In conclusion, resistive switching can be observed within TiO2 and Fe-doped
SrTiO3 junctions. The polarity of the initial forming step determines if switching
starts from the low or high resistance state. The forming step itself can be under-
stood in terms of oxygen vacancy movement into or out of the rectifying Schottky
barrier. Subsequent resistive switching shows surprisingly similar characteristics
for both types of samples (type 1). While absolute parameters such as forming
voltage or current may vary, the overall switching mechanism seems to be the same
for both Fe-doped SrTiO3 and TiO2.
In the case of Fe-doped SrTiO3 a second type of switching behavior (type 2),
showing opposite polarity, can be found after electroforming. So far there have
been indications that type 1 switching is a localized effect, confined to a single
conducting channel [24], while type 2 switching might be a non-local, 2-dimensional
effect [101][90]. However, a direct visualization of both processes, showing evidence
for their location and localization, is necessary to understand the device.
In order to gain deeper insight into the local nature of resistive switching we
removed the top electrode and investigated the samples with Conductive AFM,
PEEM and TEM. These results as well as a more detailed discussion of the un-
derlying mechanisms are discussed in Chapter 7.
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Chapter 7
Investigation of the Active
Interface
One of the major problems when trying to elucidate the mechanism behind resis-
tive switching is the fact, that - within a conventional MIM setup - all electrical
information is averaged over the electrode area. The local nature of the observed
switching can only be probed by indirect methods such as scaling studies.
In order to understand what happens beneath the electrode during electroforming
and resistive switching, the upper electrode was removed and the active interface
was investigated with Conductive AFM, PEEM and TEM. Electrical, structural
and stoichiometrical insights with a lateral resolution of a few nm were obtained,
that provide vital information for understanding the findings discussed in the pre-
vious chapter.
After introducing an improved electrode removal technique, that guarantees a
complete but gentle delamination, amorphous TiO2 as well as crystalline Fe-doped
SrTiO3 samples are discussed in the following sections. In case of Fe-doped SrTiO3,
it was possible to reproduce resistive switching within the AFM and to allocate the
previously found switching polarities to separate parts of the junction interface. A
model for both switching types that encompasses all previous findings is discussed
at the end of this chapter.
7.1 Delamination Technique
In order to remove the top electrodes after electroforming and switching, the sam-
ples were gently cleaned in isopropanol. Afterwards a 100 nm thick Pt layer was
evaporated onto the surface. The pressure within the evaporation chamber was
kept at 5 · 10−7 mbar and the evaporation rate was set to 1 Å/s for the first 10
nm, 3 Å/s for the following 40 nm and then increased to 5 Å/s for the remaining
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Figure 7.1: Electrode delamination process for a Pt/TiO2/Pt sample. The sample is
covered with a 100 nm thick Pt layer and glued onto a glass substrate ((a) and (b)).
An optical glue and a curing under UV light for 75 s was used. After curing the
glass substrate was cleaved off of the sample. This cleaving results in a bottom part
containing the oxide layer and top part containing the removed top electrodes. Both
parts are available for further investigation.
50 nm of Pt. Keeping the rate low at the beginning helps the Pt layer to "meld"
with the Pt top electrodes, forming a continuous Pt foil. The adhesion of the foil
to the oxide layer is low enough for it to be removed easily - e.g. by adhesive
tape. However, a better technique to remove the foil than using tape is shown
exemplarily for a Pt/TiO2/Pt sample in Figure 7.1.
After evaporation the Pt covered sample is glued to a stiff glass substrate (Figure
7.1 (a) and (b)). Using a sharp blade this glass substrate can be cleaved off
from the sample again, taking both the Pt layer and the Pt electrodes alongside
and completing the delamination. This cleaving procedure provides two samples:
the remaining bottom part, containing the oxide layer (Figure 7.1 (c)), and an
additional top part, consisting of the glass substrate, the glue, the continuous
Pt layer and the removed top electrodes sticking on top (Figure 7.1 (d)). The
significant advantage of this method compared to using adhesive tape is, that
the removed electrodes are part of a stiff and electrically accessible sample. Both
bottom and top part are available for further investigation. Moreover, theoretically
the cleaving step can be mechanized and performed within an UHV chamber,
allowing an in-situ removal of the electrodes.
The choice of glue as well as the specific curing parameters turned out to be
critical for a successful electrode delamination. On the one hand side curing the
glue needed to be done without altering the sample itself. High temperature curing
epoxy glues therefore turned out to be unsuitable and room temperature curing
preferable. On the other hand the glue needed to have the right stickiness and
consistency. While a hard curing epoxy was usually difficult to cleave off from the
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bottom part, a slightly elastic UV curing glue worked better. The best results
were obtained with Norland Optical Adhesive 65 glue, cured under a UV lamp for
75 s.
For conductive AFM measurements both bottom and top part were attached to
the AFM sample holder and contacted by Al wire bonding before inserting them
into the AFM chamber.
7.2 First Conductive AFM Studies - Amorphous
TiO2
The first conductive AFM delamination studies within this work were performed on
Pt/(30nm)TiO2/Pt samples. The samples were prepared as described in Subsec-
tion 6.1.1, electroformed, switched and delaminated. Due to technical limitations
conductive AFM measurements could only be carried out under ambient condi-
tions. Although this lack of vacuum made it difficult to test any AFM induced
switching as seen in Chapter 5 on these samples, the measurements already give
several interesting insights into the nature of electroforming and switching. Tech-
nically more refined conductive AFM measurements under vacuum conditions are
presented in Section 7.3 for Fe-doped SrTiO3 samples.
7.2.1 Delamination Test - Virgin Junction
As a first step, a TiO2 junction left in its virgin state was delaminated and checked
with conductive AFM. This was done to test the delamination process and to check
whether locating and measuring the desired structure is possible under the AFM.
Figure 7.2 shows the I-V -characteristic (part (a)), topography before delamination
(part (b)), topography after delamination (part (c)) and conductivity after delam-
ination (part (d)) of such a junction. Both bottom and top electrode are visible
in the complete stack shown in part (b). Their outlines are sketched by white
dashed lines. For the delaminated sample in part (c) and (d), the top electrode is
missing, indicating a successful and complete delamination. However, it is possible
to trace the former position of the top electrode and to determine the position of
the junction (marked in green) by comparing the bottom electrode shape before
and after delamination.
Within this former junction area the surface of the TiO2 layer is very smooth. All
Pt is removed and the oxide layer itself has not been affected by the delamination.
The conductivity of this area is very low. At a tip voltage of -4 V relative to the
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Figure 7.2: (a) I-V -characteristic, (b) topography before delamination, (c) topography
after delamination and (d) conductivity after delamination of a virgin Pt/TiO2(/Pt)
junction. The outlines of bottom and top electrode - or their former position - are
marked by dashed lines.
sample the measured currents are well within the noise range of the conductive
AFM. This high resistivity is in good agreement with the highly insulating I-V -
behavior of the complete stack.
In conclusion, the delamination works well and neither the local topography nor
conductivity of the oxide layer are altered during this process. This provides an
ideal basis for further investigations.
7.2.2 The Influence of Electroforming
As already discussed in Subsection 6.2.2 electroforming causes a strong decrease
of the resistance of a sample. This electrical change is also accompanied by large
structural changes. In order to understand the physical processes during electro-
forming and eventually resistive switching it is crucial to investigate and under-
stand these structural modifications.
A strong hint at the significance of those changes is already given when measuring
the non-delaminated device surface after forming. Figure 7.3 shows a TiO2 junction
after a negative electroforming sweep. Before delamination both bottom and top
electrode are clearly visible (part (a)). The negative forming sweep (lower part
(a)) has resulted in a very pronounced local deformation of the sample. A roughly
100 nm high bubble like structure can be seen. While in general this feature can be
explained by the formation of an oxygen bubble during electroforming, the details
of this process become visible only by removing the electrode and checking what
lies beneath the bubble.
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Figure 7.3: Topography of a negatively formed TiO2 junction. Part (a) shows the junc-
tion before delamination as well as a diagram of the applied forming sweep. As a
result of forming, a large bubble can be seen. Part (b) and (c) contain topographical
images of the junctions respective bottom and top part after delamination, magnified
onto the site of the bubble. Line scans were added below the topography images for a
better understanding of the structure.
Figure 7.3 (b) and (c) contain topography images of both bottom and top part of
the junction after delamination, magnified at the site of the bubble. The bottom
part exhibits a several µm sized hole with an approximately 200 nm wide pillar
in the middle and some elevated features at the boundaries. The profile of this
structure (shown in the lower part of Figure 7.3 (b)) reveals that the depth of
the hole is equal to the TiO2 film thickness of 30 nm. The overall bottom part
therefore consists of the bottom electrode with the complete oxide layer sitting
on top - except for the hole; within the hole all TiO2 has been pulled out during
delamination making the ground equivalent to the Pt bottom electrode.
The top part shown in Figure 7.3 (c) is the exact counterpart of the bottom part.
It consists of the small pluck of material, situated on top of the Pt top electrode.
Although the surface of the top part shows significant distortion (either due to the
bubble formation during electroforming or due to the elasticity of the glue during
delamination), the pluck has to correspond to the removed oxide of the bottom
part according to its size and position.
Further insights into this structure can be gained through the local conductivity
information illustrated in Figure 7.4. The topography images of the bottom and
top part are shown in part (a) and (e), while the corresponding conductivity images
are shown in part (b) and (f). Taking a closer look at the conductivity of bottom
and top part, the Pt top and bottom electrodes can be seen as very well conduct-
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Figure 7.4: Conductivity of a negatively formed TiO2 junction. Part (a) contains the
topography of the forming structure as seen in the bottom part after delamination.
Its respective conductivity image is shown in part (b), while part (c) and (d) contain
magnifications of conductivity of the central pillar and the boundary region. The
topography and conductivity of the corresponding top part is given in part (e) and
(f).
ing regions. The plucked TiO2 of the top part as well as the main part of the
TiO2 in the bottom part image is non-conducting. The conductivity and therefore
also stoichiometry of those areas was not affected by the forming step. The only
current carrying regions of the whole device are located at the central pillar and
the boundary regions of the hole structure. Magnified conductivity maps of both
regions can be seen in part (c) and (d). Both possess an increased conductivity
compared to the surrounding stoichiometric TiO2 film. From their conductivity it
can be inferred that they consist of reduced TiO2. The height of the central pillar
as well as the boundary regions is slightly larger than the film thickness, making
them protrude above the average TiO2 surface. PEEM reveals that the boundary
regions were crystallized during the electroforming step and that the central pil-
lar is covered with a residual Pt layer - accounting for the additional height and
preventing immediate reoxidation [22].
The whole very characteristic structure can be explained by the formation of an
initial conducting TiO2−x channel (central pillar) by Joule heating and oxygen
vacancy migration together with the evolution of an oxygen bubble at the lower
interface around this channel. This bubble delaminated the oxide film from the
bottom electrode and eventually also broke the contact between the central channel
and the top electrode. Further current flow occurred only along the boundaries
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Figure 7.5: Conductivity of a positively formed TiO2 junction. Part (a) shows the
formed junction before delamination. No specific features can be seen. After de-
lamination a small protruding spot at the edge of the junction becomes visible (part
(b)). Part (c) and (d) show magnified images of this spot and its conductivity. Most
of the junction is insulating, only the small spot appears as a current carrying region.
of the bubble, heating and crystallizing them and therefore causing an increased
adhesion between film and Pt electrode in these areas. The confinement of the
current to the boundaries of the hole and the rupture of the central channel is also
supported by local pressure modulated AFM measurements prior to removing the
electrode [24]. Finite Element Analysis Simulations suggest a temperature of about
3000 ◦K in the core of the channel [102] which would be well above the melting
temperature of TiO2 (2143 ◦K). Although there is some uncertainty related to
the calculated temperature values, the channel temperatures will for sure be high
enough to aid any reduction and structural changes.
Positive electroforming (Figure 7.5) also results in a localized conducting region
but the overall changes to the sample structure are much less dramatic. Before
delamination no specific features can be seen across the junction area (part (a)).
After removing the top electrode (part (b)) a small, roughly 400 nm wide and 2-3
nm high protruding spot appears at the edge of the junction (marked by a red
square). Identifying this spot is aided by the fact that this is the only conducting
region of the whole junction. Magnified topography and conductivity images of
this area are shown in part (c) and (d).
The region of the conducting spot also shows a heat-induced crystallization (as
determined by PEEM) and likely reduction of the film with an increased adhesion
to the top electrode and a small residual Pt layer. The corresponding top part
consists just of the removed, metallic top electrode and is therefore not shown
here.
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Variation of the film thickness
While electroforming is clearly correlated to a local reduction of the oxide film,
the gas evolution during this process can be quite disruptive. The problem is not
connected to the electrical properties of the junction but is rather related to the
fact, that large, micron sized structures - such as in Figure 7.4 - are undesirable
in terms of junction size reduction and scalability. A direct steering of the feature
size becomes necessary.
Figure 7.6: Comparison of the forming step and the resulting structural changes mea-
sured with conductive AFM for (a) a 30 nm thick TiO2 sample and (b) a 4 nm thick
TiO2 sample.
A possible solution to this problem might be a gentler forming process and a re-
duction of the involved electrical power. This can be accomplished for example
by reducing the junction size [88] or by reducing the TiO2 film thickness. Figure
7.6 shows the forming sweep and conductive AFM images after delamination for
both, a 30 nm thick TiO2 sample (a) and a 4 nm thick TiO2 sample (b). The data
shown for the 30 nm sample are identical to the images shown in the previous
chapters and are only repeated for comparison. The data of the 4 nm sample,
however, exhibit two main differences: on the one hand, due to the decreased film
thickness and decreased distance between top and bottom electrode, the voltage as
well as the electrical power needed for forming a 4 nm junction is much lower. In
fact, forming voltage and switching voltage are of the same order, making a clear
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distinction between forming and switching impossible. On the other hand, the re-
sulting changes to the junction's morphology are much smoother. The topography
image reveals only some slightly elevated regions (see line scan in the inset) at
the boundary of the junction while the current image shows a diffuse conductivity
along these areas. One can assume, that the general process behind forming is
the same for the 30 nm and 4 nm thick samples. However, the reduced forming
power in the latter case can account for the gentler interface changes. While this
comparison is a first indication for the tendency of smaller feature sizes and better
scalability with decreasing forming power, further systematic studies are necessary
to underline this trend.
7.2.3 The Influence of Resistive Switching
While electroforming causes very characteristic changes to the film structure, stoi-
chiometry and conductivity, subsequent resistive switching yields additional effects.
Figure 7.7 (a), (b) and (c) show the I-V characteristics and conductive AFM data
of a junction that has been formed by a negative voltage sweep - reaching the
LRS - then switched back into the HRS by a positive sweep and finally delami-
nated. While the electroforming step results in the a hole structure similar to the
one shown in Figure 7.4 (a), a secondary structure right next to where the hole
appears. The structure is marked by a blue dashed line and its topography and
conductivity are shown in the two magnification images in part (c). The structure
is conducting and exhibits the same slightly rough morphology as the reduced and
Pt covered regions described in the previous chapter. By comparison with only
formed samples it can be determined that it originates from the switching sweep
that followed the forming.
A similar effect occurs for a positively formed sample (Figure 7.7 (d), (e) and (f)):
while the initial forming results in a small conducting structure, the subsequent
switching causes additional conducting spots to appear (marked in blue again).
PEEM measurements confirm that in both cases the additional switching induced
conducting regions are crystallized by Joule heating and their rough morphology
probably results from residual Pt [22]. The reason for the appearance of an addi-
tional current carrying region is probably another gas induced detachment of the
electrodes from the respective channel during the first switching step.
Furthermore, this idea of a continuous breaking of existing current channels and
creation of other ones during subsequent switching steps is supported by data
obtained from samples switched for several times (shown in Figure 7.7 (g) and
(h)). While a junction switched only once shows a comparably small conducting
structure in the measurements (see Figure 7.5), samples which were switched sev-
eral times exhibit an elongated feature extending along the edge of either top or
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Figure 7.7: Influence of resistive switching on the morphology and local conductivity of
a TiO2 junction. (a),(b),(c) I-V and conductive AFM data are shown for a sam-
ple negatively formed and switched once, (d),(e),(f) a sample positively formed and
switched once, and (g),(h) a sample positively formed and switched several times. In
addition to the forming spot further conducting areas emerge due to the switching
steps. They are marked by dashed lines.
bottom electrode. Since the length of the conducting structure increases, when
switching a junction several times, one should also expect an accompanying in-
crease in current. However, no such increase has been observed. The value of the
overall electrical resistance in either LRS or HRS is very stable and the resistive
switching can be repeated many times without any remarkable drift of the states.
Therefore one can conclude that not the whole structure visible with conductive
AFM is actually carrying the current in the non-delaminated device. Rather a
breaking of existing conducting channels (off of the top electrode, similar to the
gas bubble induced breaking of the central pillar during negative forming) and a
subsequent creation of a neighboring channel occurs. This would also fit with the
fact, that before delamination the electrode above the observed structure shows
strong deformation not only at the forming spot but also in an extended region
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next to it hinting at gas evolution.
It yet remains unknown whether there is a correlation between the endurance of
a device and the observed increase in feature size during cycling. A more detailed
study of junctions switched many times is necessary to tackle this problem.
Overall, it could be demonstrated that electroforming results in the formation of
locally reduced channels as well as oxygen gas at either top or bottom interface
depending on the voltage polarity. Subsequent switching steps do not take place at
the exact forming spot, but rather next to it and result in additional conducting
structures that evolve in length with an increasing number of switching cycles.
Since the current levels of the investigated junctions are constant and there is no
drift of the states towards lower resistances during cycling, a stepwise breaking of
conducting channels off of the top electrode seems plausible. Any implications of
this for the sample's endurance have to be further investigated.
7.3 The Main Conductance Channel - Crystalline
Fe-doped SrTiO3
PLD grown Fe-doped SrTiO3 samples were chosen as a second sample system,
because they have the advantage of a well defined and previously characterized
defect structure (compare Chapters 4 and 5). The samples were prepared as de-
scribed in Subsection 6.1.2, electroformed, switched and finally delaminated. An
enhanced vacuum capable conductive AFM setup allowed not only to passively
probe the topography and conductivity as in the previous chapter, but also to use
the AFM tip as an active electrode to induce switching. While all structural data
and passive characterizations of the formed sample are presented in this section,
the active identification of resistive switching areas is discussed in Section 7.4.
7.3.1 Topography - AFM
Fig. 7.8 shows the I-V -data of an only formed junction as well as its topography
after delamination of the top electrode. Three kinds of structures are visible in
Figure 7.8 (b): the edge of a Ti marker arrow in the lower part of the image - this
marker was used to find the junction under the AFM - , a 10x10 µm2 square and
a little crater at the lower right edge of the square. According to its size as well as
its relative position to the Ti marker arrow the square marks the former site of the
top electrode. Its edges correspond to the former junction boundaries. Since the
delamination is clear (as shown in Section 7.3.3), these boundaries are not visible
because of an incomplete top electrode removal. Instead a slight overetching during
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Figure 7.8: (a) Forming step and (b) topography after delamination of a negatively
formed Fe-doped SrTiO3 junction. (c) During electroforming a crater structure has
evolved at the lower right edge of the junction. (d) The corresponding top part
contains a chunk of material that has been ripped out of the bottom part.
the lithography and electrode structuring process (see Section 6.1.2) causes a height
difference between the junction interface and the surrounding SrTiO3. While such
an overetching is usually undesirable in terms of an optimal lithography process,
in this case it actually helps locating the junction without affecting the results in
a negative way.
Most of the interface is smooth and has not been structurally altered by the elec-
troforming step. Only a small region in the lower right part of the junction shows
some deformation. This is the crater mentioned before, whose magnified image
is shown in Figure 7.8 (c). A comparison with not-formed, virgin junctions, that
show completely smooth topography, proves that this crater is caused by the ap-
plied electroforming step. In fact it shows a qualitatively similar structure to the
forming "holes" found in the TiO2 samples. However, having a diameter of roughly
1 µm, it is much smaller than the several micron wide TiO2 forming structures. A
probable explanation for this reduced feature size is the decreased electrical power
that is necessary for forming the PLD grown films (see Subsection 6.2.2). A more
detailed discussion regarding a reduction of feature sizes by reducing the forming
power is given in Section 7.5.
7.3.2 Defect Structure - TEM
In order to gain further insight into the internal structure of the forming crater, a
thin lamella was cut out of the sample using Focussed Ion Beam (FIB) Cutting.
The cut was placed right across the crater (shown in Figure 7.9), allowing a look
at the cross-section of the forming channel. The procured lamella was further
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Figure 7.9: (a) Electron microscopy overview image of a FIB lamella cut across the
forming crater. The topography image of the sample before FIB cutting is shown in
part (b). Magnified TEM images of the lamella in the crater region as well as in a
region far outside the crater are shown in part (c) and (d). The crater exhibits a very
high defect density.
thinned and finally investigated with TEM. Figure 7.9 shows both, an overview
TEM image over the several micron wide cut, as well as magnified images of regions
of special interest.
The overall defect density is quite high, making it is difficult to separate and
identify individual kinds of defects. Nevertheless, variations of the defect density
across the FIB lamella can be observed. The main part of the film exhibits a
medium defect density - as can be expected for thin films. However, the film region
beneath the crater is very defect rich. Within this region significant changes were
inflicted onto the film structure due to electroforming, resulting in a defect-rich
channel that extends from the bottom interface to the crater structure at the upper
interface.
7.3.3 Stoichiometry - PEEM
The stoichiometry of the forming crater was investigated by PEEM, as described
in Section 3.4. XAS as well as XPS data were obtained for the Ti2p, Sr3d and Pt
4f lines. In the first two cases both, the total signal intensity as well as shape of
the respective peak patterns, were compared for spectra measured at the site of
the forming crater and at a site well outside the crater.
The Sr3d XPS signal (measured at a photon energy of 270 eV) is depicted in Figure
7.10 (a). The spectrum measured at the crater (which was previously identified by
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Figure 7.10: (a) Sr3d XPS spectrum of the forming crater (red) and a region well outside
the crater (green). The different signal intensities indicate a Sr surplus within the
forming crater. (b) Microscopy image showing the position of both measurement
sites. (c), (d) Decomposition of both spectra into their subcomponents. While a bulk
component (I) and a surface component (II) can be found all across the sample, a
third component (III) exists within the crater. It can be related to a Sr-rich phase.
conductive AFM) is shown in red, while the spectrum measured outside the crater
is shown in green. The exact measurement positions are indicated in part (b).
Both spectra exhibit the typical spin-orbit-splitting of the Sr3d line into a Sr3d
3/2 peak (total angular momentum 3/2 ~) and a Sr3d 5/2 peak (total angular
momentum 5/2 ~).
The height of the Sr signal within the crater region is considerably larger than
outside the crater. A comparison of the integrated intensities yields a Sr surplus
of roughly 30 % within the crater. This surplus can be allocated to the first 1 nm
of the forming channel close to the surface, which corresponds to the information
depth provided by the XPS setup.
A closer look at both spectra reveals that not only the total intensity but also
the qualitative shape of the measured signal varies. While the spectrum measured
outside the crater consists of two components, a primary one corresponding to Sr
within the bulk (I) and a secondary one resulting from a Sr(OH)2 contamination
at the surface (II) [103], a third contribution (III) occurs in the spectrum of the
forming crater. This additional component is shifted towards lower binding en-
ergies and corresponds to Srn+1TinO3n+1 Ruddlesden-Popper (RP) phases [104].
The existence of such Sr-rich RP phases in the Sr rich region at the surface of the
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Figure 7.11: (a) Ti2p XPS spectrum of the forming crater (red) and a region well outside
the crater (green). The different signal intensities indicate a Ti deficiency within the
forming crater. (b) Microscopy image showing reduced brightness at the site of the
crater. (c) Ti2p XAS spectra of the forming crater (red) and the outside region
(green). The crystal-field-splitting into t2g and eg peaks as well as a broadening of the
eg peaks within the forming channel can be seen. This broadening can be attributed
to additional Sr deficient states. (d) Microscopy image showing the position of the
measurement sites.
crater is in good agreement with literature reports on a conversion of excess SrO
into RP phases [105].
XPS spectra of the Ti2p line are shown in Figure 7.11 (a) (measured at a photon
energy of 600 eV). Once again the spectra were measured at the side of the sample's
forming crater (red line) and outside the crater (green line). A 2D image of the
sample, indicating the exact measurement positions, can be found in Figure 7.11
(d).
Within the Ti2p XPS spectrum, spin-orbit-coupling causes the signal to split into
a Ti2p 3/2 signal (total angular momentum 3/2 ~) and a Ti2p 1/2 signal (total
angular momentum 1/2 ~). While both, red and green, spectra show identical peak
positions, the overall signal intensity varies. The measured Ti signal is significantly
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Figure 7.12: (a) Pt4f XPS spectra measured within and outside the junction area. The
measurement sites and the former top electrode position can be seen in part (b). While
Pt traces can be found outside the junction, the junction area itself is completely free
of Pt, indicating a successful electrode removal.
weaker within the crater as compared to its surrounding. Figure 7.11 (b) shows
the corresponding 2D image. A slightly darker region can be seen at the site of the
forming crater (indicated by a white arrow). Its darker coloring matches the lower
intensity observed in the spectrum. This decreased signal strength indicates that
the forming channel is slightly Ti deficient within the first nm beneath the surface
(XPS information depth). An integration of the measured intensities yields a Ti
deficiency of 15%.
A larger information depth is yielded by XAS measurements (up to several nm,
compare Figure 3.9). Figure 7.11 (c) shows the Ti2p XAS spectra of the crater
and the unperturbed region. These spectra also probe the deeper lying parts of
the sample. In addition to the spin-orbit-coupling mentioned above, a further
splitting of the energy levels into t2g and eg sublevels can be seen. It is caused by
the directional dependent crystal-field splitting. Comparing both, red and green
spectra, a slight broadening of the eg peaks at their low energy shoulder can be
seen in case of the red spectrum. This broadening results from additional Ti states
within the forming channel. Since those states are not visible in the (immediately
surface sensitive) XPS spectrum, they have to originate from deeper lying regions
of the channel.
A hint at the nature of those states can be found, when summarizing the previous
findings for the Sr and Ti content of the channel.
• The surface near region of the forming channel contains excess Sr. The shape
of Sr3d peak suggests Ruddlesden Popper phases, that could accommodate
the excess Sr. During the evolution of the forming channel, Joule heating
seems to have triggered a Sr migration towards the surface. Similar results,
reporting a Sr segregation at elevated temperatures, can be found in litera-
ture [106][107].
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• Since the Sr content within the discussed region is elevated, its respective Ti
content (per volume) is accordingly lowered.
• All Sr that has accumulated at the surface has migrated out of the lower
regions of the channel. Those deeper parts should therefore be slightly Sr
deficient.
Keeping this Sr deficiency in mind, the broadening of the Ti2p XAS spectrum can
be explained by Sr deficient phases. The lower part of Figure 7.11 (c) contains three
reference spectra (taken from [108]), showing the Sr3d component of pure SrTiO3
(black), TiO2 in anatase phase (dark blue) and TiO2 in rutile phase (light blue).
The SrTiO3 reference spectrum fits the main component of the measured spectra
sufficiently well. The TiO2 spectra, which correspond to Sr deficient SrTiO3 in its
most extreme case, possess states at slightly lower energies. A possible explanation
for the broadened shape of the forming channel Ti2p XAS spectrum could therefore
be the existence of Sr deficient phases in the lower regions of the channel.
While the Sr3d and Ti2p lines were measured to gain information about the sample
structure, the Pt4f signal was monitored in order to check whether the electrode
delamination was complete. The photon energy was set to 250 eV. Figure 7.12
(a) shows Pt4f spectra measured within the former junction area (green) as well
as outside the junction area (red), while Figure 7.12 (b) contains an image of the
sample in which the former electrode position as well as the respective measure-
ment sites are visible. A comparison of the spectra reveals, that no Pt remnants
exist within the former junction interface. Combined with the smooth topography
observed in the AFM this proves that the delamination process is clear and that
the top electrode is completely removed. Slight Pt traces can be found in film
regions that have not been covered by an electrode. This can be understood by
considering the sample preparation and delamination process. All of the film's
surface, that has not been covered by electrodes, has been directly exposed to ion
beam etching during the lithography and structuring process and therefore pos-
sesses an increased surface roughness. As a preparation for the delamination step,
the whole film, including those regions, has been covered with a blanket Pt layer.
Due to the increased surface roughness this Pt layer tends to stick to the etched
surface. While this sticking is still sufficiently low to allow an overall successful
delamination, slight Pt traces can be found in between the electrodes. This Pt
signal can even be used for an energy calibration. However, the important fact in
the overall process is that the delaminated junction areas are completely free of
Pt and correspond to the pure, chemically unaltered interface.
107
Chapter 7 Investigation of the Active Interface
7.3.4 Local Conductivity - Conductive AFM
One of the most important properties of the delaminated interface in terms of
resistive switching is its (local) conductivity. In an identical setup to the one
described in Chapter 5 conductive AFM measurements were performed. Figure
7.13(a) shows both topography and current images for an electroformed junction
measured with a tip voltage of -3V relative to the sample. The outline of the former
electrode position can again be seen as a slight height contrast in the topography
image.
Figure 7.13: Topography and local conductivity of an Fe-doped SrTiO3 junction after
electroforming.
Considering the current image most of the junction is insulating, even after elec-
troforming. Only the junction area in the vicinity of the forming crater shows
good conductivity. Magnified images of this region are shown in Figure 7.13(b).
The crater itself and the underlying defect-rich channel are very well conducting
(marked in green) and qualitatively similar to the forming channel observed in
TiO2. Most of the current during electroforming has flown across this channel.
The Joule heating associated to this current flow has aided the reduction of the
channel and triggered the structural changes that led to the defect- and Sr-rich
phase seen with TEM and PEEM. Similar evidence for a confined conducting
channel after forming has been presented in the literature for other types of oxides
[88][109].
Around the central forming channel, a second, halo like, well conducting region is
visible (marked in orange). It is spatially more extended than the crater itself and
covers a region of the film that has not been significantly altered by the forming
step with respect to its topography and structure. However, it has been reduced,
probably aided by the Joule heating in the neighboring forming channel, leading
to its good conductivity.
In conclusion, structural, stoichiometrical and electrical data of the junctions prove
that electroforming is a very localized process. It leads to the formation of a well
conducting, Sr- and defect-rich channel. While the main conductivity is centered
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on this forming channel, a second conducting region can be found extending like a
halo around the forming channel. The importance of those two individual regions
for resistive switching is discussed in the following sections.
7.4 Identification of Resistively Switching Areas
For investigating resistive switching in Fe-doped SrTiO3 samples two different
approaches have been pursued: on the one hand the AFM tip was used as an active
electrode. In a procedure identical to the one described in Chapter 5 it was biased
with an appropriate voltage, scanned over the surface of an electroformed and
delaminated sample and used to switch the interface within the scanned area.
A second approach was to switch the sample before delamination, as a MIM struc-
ture, then delaminate it and to compare conductive AFM data of samples that
have been set to different resistance states. Both approaches are presented in the
following sections.
7.4.1 Tip-induced Homogeneous Resistive Switching
The conductivity of an only formed junction after delamination is shown in Figure
7.14(a). Both the well conducting forming crater as well as the surrounding halo
can be seen (marked in green and orange). The image was recorded with a tip
voltage of -3V. For these kind of samples -3V relative to the sample is a good
"read-out" voltage: it is high enough to get a reasonable current signal and low
enough not to inflict any changes upon the sample. Choosing higher tip voltages,
e.g. +/- 5V results in tip-voltage induced changes of the local conductivity, as
presented in the following.
Starting from the as delaminated state in Figure 7.14(a), a scan with a tip voltage
of -5 V has been performed across the junction surface. After this scan the surface
was probed with -3 V again (shown in Figure 7.14(b)). While the conductivity of
the crater has not been influenced by this voltage treatment, a comparison of image
(a) and (b) reveals, that the surrounding, conducting halo region has completely
vanished. A subsequent voltage treatment of +5 V recovers the conductivity of that
region (readout at -3 V in Figure 7.14(c)). A scan with -5 V causes the conductivity
to vanish again (with exception of the central crater), while yet another scan with
+5 V switches it on again (Figure 7.14(d) and (e)).
Several cycles of this type of AFM induced switching could be observed. Its switch-
ing polarity corresponds to the second type of resistive switching found in the
complete MIM structure (shown in Figure 6.6(c) and indicated in the small inset
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Figure 7.14: Tip induced, laterally extended switching of a delaminated Fe-doped
SrTiO3 junction. (a) Starting from the as delaminated state of an electroformed
junction, a scan with a tip voltage of -5V causes the well conducting halo region to
vanish (b). A second scan with +5V recovers that conductivity and also sets the
remaining junction area within scan range into a well conductive state (c). This scan
induced switching of the local conductivity can be repeated several times ((d), (e)).
All images were recorded with a tip voltage of -3V. The switching corresponds to the
second switching polarity found in the MIM structures (indicated in the inset in part
(d)) and proves the laterally extended nature of this type of switching.
in Figure 7.14 (d)). Since electrode area scaling studies have already hinted at an
area dependent, homogeneous switching effect [90], an important detail in the con-
text of the conductive AFM images is the fact that the switchable region is clearly
spatially extended. Starting from the initial halo in Figure 7.14(a), not only this
region but the complete junction area within the scan range has been switched
On by the voltage treatment. The former electrode position becomes visible as
a transition between "switched On", conducting and non-conducting areas. This
extended nature is very important because it demonstrates that in principle the
whole junction area can contribute to resistive switching.
The overall effect shows similar characteristics to the AFM tip induced switching
described in Chapter 5. However, when comparing the images in both chapters,
one has to bear in mind, that the respective scan ranges are quite different. While
the images shown in this chapter have a scan range of the order of 10 µm, the
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images presented in Chapter 5 contain 500 nm wide scans that have a much better
lateral resolution. Areas that are described as homogeneously conductive in this
chapter typically have an inhomogeneous substructure as discussed Chapter 5.
7.4.2 Tip-induced Filamentary Resistive Switching
A different kind of tip induced switching can be found for the central forming
crater (shown in Figure 7.15). Its conductivity was read out at -3 V. Since the
conductivity of the forming channel is significantly higher than the conductivity
of the surrounding halo, higher currents were measured and the internal amplifier
of the AFM was switched to a less sensitive setting. The conductivity of the
surrounding halo is therefore overshadowed and only the crater can be seen in the
conductivity image. Employing the tip as an active switching electrode again, a
scanning voltage of +6 V decreases the conductivity of the crater (Figure 7.15(b)),
while a voltage of -6 V recovers it (Figure 7.15 (c)). The overall polarity of this type
of switching is reversed compared to the previous, lateral case and corresponds to
the primary switching type found in the MIM structures (shown in Figure 6.6(a)
and indicated in the inset of Figure 7.15 (d)). It is interesting to note, that in
this case only the crater region itself contributes to the switching, indicating a
completely localized process.
Although the polarity and the area dependence of these two types of switching
found under the AFM are in good agreement with the data obtained from MIM
structures (see Subsection 6.2.5), the switching voltages needed within the AFM
are not the same as for the MIM structures. This is explained by the fact that the
critical switching voltage within an AFM always depends on the specific tip that
is used as well as on the amount of residual adsorbates on the sample. Therefore,
the switching voltage is not a reliable quantitative size. A difference in absolute
switching voltages between AFM and MIM setup can be expected.
7.4.3 MIM Switching
A direct proof for the correlation between the switching types observed in the MIM
structure and the switchable regions observed in the AFM measurements is shown
in Figure 7.16. Instead of using the AFM tip to switch a junction after delamina-
tion, two MIM structures have been switched within the second, lateral polarity
and set to the LRS and HRS state, respectively, before the delamination. After the
removal of the top electrode those samples were inserted into the AFM chamber
and their conductivity images were compared. The junction that has been left
in the LRS state (Figure 7.16(a)) shows both, a conducting crater region and a
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Figure 7.15: Tip induced switching of the forming channel of a delaminated Fe-doped
SrTiO3 junction. A scan with a tip voltage of +6V decreases the conductivity of the
channel, while a scan with -6V recovers it. The switching is confined to the immediate
forming channel and shows opposite polarity to the lateral switching discussed above.
It corresponds to the first switching polarity found in the MIM structures (indicated
in the inset in part (d)) and proves the filamentary nature of this type of switching.
conducting surrounding region. However, the junction that has been switched to
the HRS state lacks the conducting surrounding region (Figure 7.16(b)). A com-
parable vanishing of that region has been observed after the tip induced switching
into the HRS. This experiment as well as the AFM induced switching seen in
Figure 7.14 show, that resistive switching of the second polarity type takes place
within an extended region surrounding the forming crater and therefore shows area
dependent features.
An identical experiment has been performed on junctions that have been set into
the LRS and HRS state of the primary MIM switching type (Figure 6.6(a)). How-
ever, for these samples it has been difficult to observe a difference in the conductive
AFM images. One reason for this difficulty is the fact that a quantitative analysis
of the measured currents is problematic within conductive AFM. While qualitative
observations like the appearance or vanishing of a broadened conducting area are
easy to obtain, quantitative comparisons of the currents flowing within the craters
of two samples are not reliable. A different tip and a different contamination
of the sample with adsorbates cause variations in the tip voltages and measured
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Figure 7.16: Conductivity images of a Fe-doped SrTiO3 samples that have been set to the
LRS state (a) and HRS state (b) before delamination. The switching was performed
within the second, area dependent polarity type.
currents that outweigh any native effects. Moreover, the difference in currents in
LRS and HRS state that can be expected from the MIM measurements is rather
small, complicating the experiment even further. Nevertheless, taking into account
the AFM induced switching in Figure 7.15 as well as several literature reports on
similar systems, this type of switching can be safely assumed to be a filamentary
switching mode.
7.4.4 Switching Model
Combining the previous results, the filamentary and the area-dependent switching
can be understood in terms of oxygen vacancy movement. Due to the different
sample structure within and around the forming channel this movement has dif-
ferent implications though.
A standard DC forming step as described above results in the formation of a con-
ducting filament (in our case the crater region) that locally bypasses the Schottky-
like interface barrier between oxide material and top electrode. It can be seen as
a defect rich channel in the TEM images and as a well conducting crater in the
conductive AFM scans. The formation of this filament is aided by Joule heating,
leading to a reduced conduction channel. A qualitative sketch of this structure
is shown in Figure 7.17(a). Due to heat conduction as well as a built up chem-
ical gradient even a broadened area around this filament is reduced (shown as a
blue region surrounding the filament). Both regions can be switched. Resistive
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Figure 7.17: Model of resistive switching within the forming filament.
switching of the filament as well as the surrounding area will be discussed in the
following two paragraphs.
Filamentary Resistive Switching
Resistive switching within the forming channel relies on the attraction or repul-
sion of oxygen vacancies into or out of the upper interface, between channel and
top electrode, and is similar to the forming and first sweep process described in
Subsection 6.2.3 [25][88]. It can be induced by both, a macroscopic top electrode
in a MIM structure and a movable conductive AFM tip.
Starting from the "as formed" HRS state depicted in Figure 7.17(b1) and (c1),
a negative bias either at the AFM tip (in the delaminated case) or at the top
electrode (in case of a MIM structure) causes a potential drop between the tip of
the channel and the AFM tip or the top electrode. Due to this potential drop
oxygen vacancies are attracted into the upper interface. Since the crater and the
underlying forming channel are defect-rich and slightly non-stoichiometric regions,
as observed by cross-sectional TEM and PEEM, the mobility of oxygen vacancies
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in the presence of an electric field is quite high. Therefore, the channel acts
as source of mobile oxygen vacancies and the applied negative voltage results in
a reduced path connecting bottom and top interface. The overall resistance of
the channel drops and the LRS state is reached (Figure 7.17(b2) and (c2)). A
subsequent positive voltage treatment causes a repulsion of oxygen vacancies from
the upper interface into the film and a corresponding retraction of the reduced
path. Consequently the HRS is reached (Figure 7.17(b3), (b4) and (c3), (c4)).
The filament therefore switches with the polarity illustrated in the I-V -curve in
Figure 6.6(a) or in the AFM induced switching in Figure 7.15.
Homogeneous Resistive Switching
The homogeneous resistive switching observed in the conducting area surrounding
the filament is also based on voltage driven oxygen vacancy movement, but exhibits
opposite switching polarity. This difference in polarities can be explained by taking
into account a lowered oxygen vacancy mobility as well as a local inversion of the
doping character of the oxide due to an external voltage [98][89] (Figure 7.18).
Due to slightly reducing deposition conditions, the overall film is n-conducting and
contains a certain amount of distributed oxygen vacancies, shown as light blue in
Figure 7.18(a). The positive electroforming process has resulted in a mildly re-
duced area next to the forming filament (marked in medium blue). When scanning
a negatively biased tip across this area (Figure 7.18(b1)) a corresponding potential
drop is generated between AFM tip and oxide film. A critical factor in this picture
is the unusual electric field distribution within the AFM setup. Since the tip is
rather sharp (its radius is around 20 nm) the electric field can be approximated as
a radial field. Its highest field strength is reached close to the tip. About 80 % of
field drop occurs within the first 10 nm below the surface [57]. Only within this
region, where sufficient field strengths are reached (indicated by black semicircles),
oxygen vacancies can be moved.
Oxygen vacancies within this area are attracted to the upper interface, where
they accumulate. At the same time the supply of oxygen vacancies from below is
hindered, resulting in an oxygen vacancy depleted region below the surface (marked
in light yellow in Figure 7.18(b2)). This impeded supply is caused by two effects.
On the one hand the electrical potential drop in the lower regions of the film is too
low to attract vacancies from further below. On the other hand the second driving
force for oxygen vacancy migration, the emerging concentration gradient, is not
strong enough to close the gap because the vacancy mobility is too low in this
structurally unperturbed region of the film. In the absence of an electric field it
corresponds to the mobility values calculated from the reoxidation experiments in
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Figure 7.18: Model of the area dependent resistive switching type.
Subsection 5.3.2. This is in contrast to the high mobility forming channel, where
a sufficient amount of much more mobile vacancies can be supplied from below to
close the gap.
Due to the now depleted region below the surface the overall resistance increases
and the HRS state is reached. A subsequent relaxing due to a chemical gradient
is hindered by the low mobilities and the absence of an electric field, resulting in
a stable state. A positive voltage treatment is necessary to reduce the resistance
again. Oxygen vacancies are pushed back into the depleted region by the applied
field and restore the completely n-type, well conducting film (Figure 7.18(b3) and
(b4)). At the same time oxygen can be extracted from the film, creating even more
vacancies. Due to this additional reduction the positive voltage treatment sets the
sample into an even better conducting state than before. Yet another negative
voltage scan reverses the effect and generates the depleted poorly conducting region
again (Figure 7.18(b5) and (b6)).
116
7.4 Identification of Resistively Switching Areas
Compared to the discussed AFM setup, homogeneous switching in a MIM struc-
ture is based on the same general mechanism. Nevertheless, a different electrode
geometry and field distribution causes a different position of the depleted layer
(Figure 7.18(c)). In this case the field distribution is more uniform compared to
the AFM setup. A negative voltage at the top electrode causes oxygen vacan-
cies to migrate from the lower to the upper interface. For high enough voltages
this migration results in a vacancy depleted region at the lower interface, where
further supply is blocked by the bottom electrode (Figure 7.18(c1) and (c2)). Con-
sequently the sample is set into the HRS. A positive bias reverses this process and
the sample switches back into the LRS.
This suggested mechanism does not only capture the overall switching polarity
seen in the I-V -curve of Figure 6.6(c) and the AFM induced switching in Figure
7.14 correctly, but is also capable of explaining the reoxidation behavior after AFM
switching seen in Section 5.3. Once the scanned area is set into the LRS state the
overall film is of more or less reduced character (Figure 7.18(b4)). If exposed to
an oxidizing atmosphere such as O2 or CO2, oxygen will be incorporated into the
upper layers. According to the migration behavior calculated in Subsection 5.3.2
the upper 2-5 nm will be oxidized. This oxidized layer is thick enough to increase
the resistance and causes the well conducting state to disappear.
While this model fits very well to our experimental AFM, I-V and reoxidation
data, other mechanisms have been proposed for the observed switching behavior
and shall be mentioned for the sake of completeness. Most prominently a trap-
ping and detrapping of electrons within interface states has been suggested for
similar materials and captures the polarity correctly [110][111][101]. However, all
electronic effects, including this one, face the problem of intrinsically low reten-
tion times [32][25]. An oxygen vacancy driven mechanism as described above is
therefore more likely.
Equivalent Circuit Model
Both types of switching, filamentary and homogeneous, occur at different thresh-
old voltages but beneath the same electrode. In order to check whether such a
combination of a small but very well-conducting filament and and a much larger
but less conductive area can theoretically produce the observed complex behavior,
a very simplified model of the sample was assumed.
By describing the sample by an equivalent circuit, it can be represented by a par-
allel series of two resistors RF and RA (see Inset of Figure 7.19(a)). RF represents
the well-conducting filament, whereas RA stands for the homogeneously switching
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Figure 7.19: (a) Equivalent circuit model of a superimposed switching filament and a
switching area. The resistivity of both regions was derived from the conductive AFM
data, while the switching polarity and critical threshold voltages were extracted from
the (b) MIM I-V data.
area. Their resistance values are determined by their geometric dimensions and
their specific resistivity. They can be approximated as
Ri = ρi · l
Ai
, i = A,F (7.1)
where l represents the sample thickness, AA and AF the respectively cross-sectional
areas of filament and surrounding area that are involved in the switching process,
and ρA and ρF their respective resistivities. l was determined by XRR and equals
50 nm. The resistivities of both filament and area in either their LRS or HRS
state can be extracted from the conductive AFM data. The cross-section of the
filament AF was determined by conductive AFM as well. The last parameter AA
was used as a free fitting parameter.
Both filament and surrounding area are approximated as ideal ohmic resistors that
abruptly switch from their specific LRS state into the HRS state at a threshold
voltage VThreshhold, Off and from HRS to LRS state at VThreshhold, On. All model
parameters can be found in Table 7.1.
Calculating the resistance of the overall circuit, a twofold behavior as shown in
Figure 7.19(a) could be reproduced. Comparing it to the measured I-V data of
a real MIM structure (shown in Figure 7.19(b)), the best fit between both graphs
can be achieved for a lateral extension of the switchable area over 51.47 µm2.
This simple approximation demonstrates that within a real 10x10 µm2 device, a
physical model assuming a parallel series of filament and switchable area is rea-
sonable. Moreover, the part of the interface that contributes to the homogeneous
switching covers roughly half of the junction area. This ratio seems reasonable
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Parameters Filament Homogeneous Area
ρOn 13.90Ωcm 151.1Ωcm
ρOff 3.7kΩcm 3.7kΩcm
VThreshhold, On −1.3V +1.4V
VThreshhold, Off +1.3V −1.3 to −2.1V
Area 1.57µm2 [51.47µm2 as determined by fit]
Table 7.1: Modeling parameters. The resistivities were extracted from the respective
LRS and HRS states seen by conductive AFM. The threshold voltages and
switching polarities were derived from measured MIM I-V data. The lateral
size of the switching filament was determined by AFM, while the size of the
surrounding area, that contributes to resistive switching, was determined as
a free fitting parameter.
when assuming a non-ideal contact between Pt top electrode and oxide film. Due
to the gentle nature of the Pt evaporation parts of the junction have an inferior
contact to the electrode, preventing the whole junction area from taking part in
the switching process.
7.5 Conclusion
In conclusion, it could be demonstrated, that within 1 at% Fe-doped SrTiO3 sam-
ples two different types of resistive switching can be achieved. The first type is
confined to a central filament of 1.5 µm2 size that evolves during electroforming.
The second type of switching occurs within an extended area beneath the elec-
trode. Both types exhibit different switching polarities and can be understood in
terms of different mechanisms. A clear identification of separate areas contribut-
ing to resistive switching as well as a direct visualization of its location could be
achieved.
In case of the second investigated system, amorphous TiO2, resistive switching
could also be allocated to a region close to the electroforming filament. Both
MIM I-V data as well as the structural modifications seen after delamination are
qualitatively very similar to the properties of the Fe-doped SrTiO3 sample system.
Since, in the case of SrTiO3, switching takes place solely in the Ti sublattice (Sr
being a mere spectator), a qualitatively similar behavior of TiO2 and SrTiO3 is to
be expected.
On a quantitative level, the choice of oxide material, its structure and geometry
and - most importantly - the nature of the forming process, influences the size and
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specific form of the forming channel (see Subsection 7.2.2). On a qualitative level,
however, the underlying mechanism for electroforming and switching is identical
in both cases.
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Chapter 8
Summary
The scope of this thesis is to gain spatially resolved information on the conductiv-
ity and on resistive switching properties of oxide thin films. In a first approach, the
inherent properties of as-grown oxide films have been investigated in terms of de-
fect structure, local conductivity and nanoscale switching properties. In a second
approach, MIM structures have been fabricated, switched and delaminated, reveal-
ing all structure, stoichiometry and conductivity changes imposed by switching in
a conventional ReRAM cell.
Inherent Properties
SrTiO3 films of widely different growth and defect structures could be grown by
tuning the PLD deposition parameters. By combining TEM and conductive AFM
data, the defect structure could be analyzed and related to the local conductivity.
Homoepitaxial, layer-by-layer-structured films with a Ti/Sr ratio close to 1 exhibit
a defect structure and conductivity pattern close to single crystals with individual
dislocations, that extend across the sample, intersect with the surface and can
be seen as small, irregularly distributed conducting spots. A variation of the
deposition parameters shifts the stoichiometry and growth kinetics and results
in very different types of three-dimensional growth. Two extreme cases have been
realized: Ti-rich films grown at low pressure exhibit an array of short-range-ordered
and well conducting surface hills. Ti rich films grown at higher pressures consist of
growth islands with defect-rich and well conducting boundaries. In the latter case
a very clear picture of the connection between defect structure and conductivity
could be achieved that can potentially pave the way for defect engineering and
tailored, nanometer scale conductive structures.
Using the AFM tip as a switching electrode, bipolar resistive switching could be
reproduced on the nanoscale. According to each sample's specific microstructure,
it is always allocated to the defect rich, well conducting regions and can be un-
derstood in terms of a voltage driven oxygen vacancy movement. In the absence
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of an electric field, the concentration gradient driven oxygen diffusion coefficient
and mobility is rather low, as could be shown by reoxidation studies. This is an
important prerequisite for the long-term stability of a once written state.
MIM Structures
Making the transition to ReRAM devices, the resistive switching properties of
both, TiO2 and Fe-doped SrTiO3 MIM structures were investigated. Starting
with conventional current-voltage measurements, both materials show similar be-
havior. Prior to switching, an initial forming step is necessary. The polarity of
this forming step determines if switching starts from the low or high resistance
state. Both, the forming step and subsequent resistive switching can be under-
stood in terms of a filamentary oxygen vacancy movement model. In the case of
Fe-doped SrTiO3 a second type of switching behavior could be found after elec-
troforming, showing opposite polarity and having indications of a non-filamentary,
homogeneous nature.
A direct visualization of all forming and switching processes as well as a clear
identification of separate areas contributing to resistive switching was achieved by
removing the top electrode and investigating the samples with Conductive AFM.
Electroforming has caused a 1.5 µm2 wide filament of good conductivity. TEM and
PEEM reveal, that the filament corresponds to a defect rich channel with a shift
in Sr content, that extends from the bottom to the top interface. The first type of
switching behavior observed in the complete MIM structure could be allocated to
a resistance switching of this filament.
The second type of switching seen in the MIM structures occurs within a less
conductive but much more extended, homogeneous area surrounding the filament.
Both switching regions coexist beneath the same electrode and exhibit opposite
switching polarities. A superposition of their switching properties in an equiva-
lent circuit model can reproduce the complex switching behavior measured in the
complete MIM structure.
The filamentary switching can be described by an electric field driven accumula-
tion or depletion of oxygen vacancies within the upper interface. In case of the
homogeneous switching, a mechanism based on a lowered oxygen vacancy mobility
as well as a local inversion of the doping character of the oxide is suggested.
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Outlook
As this thesis is mainly elucidating the fundamental physical mechanisms and pro-
cesses, there are still open issues in respect to sample design and optimization.
Aiming for a feasible computer memory concept, the scaling properties of the pre-
sented samples need to be further investigated. While the 10 µm MIM stacks
presented in this work are suitable for a "proof of principle" approach, that visu-
alizes the underlying physical processes, a study of very small MIM structures is
needed to reveal if the switching process in larger structures is qualitatively similar
to the switching process in very small devices.
In terms of scalability, a deliberate steering and addressing of filamentary and ho-
mogeneous switching is also of interest. A systematic study of various samples of a
related system has shown, that both, the growth structure as well as a deliberately
chosen forming procedure, can steer the type of switching occurring in a sample
[101]. There are indirect clues, that under appropriate conditions the formation of
a filament can be suppressed and only homogeneous switching can be addressed.
A extension of such studies to SrTiO3 and TiO2 systems and a combination with
the electrode delamination approach presented in this thesis could complement the
picture of the underlying processes.
Concerning a theoretical explanation of the switching mechanisms, especially the
model suggested for the homogenous switching type needs to be further substanti-
ated. O18 tracer experiments combined with ToF-SIMS might be used to investi-
gate a possible inversion of the oxygen vacancy dopant profile. Moreover, PEEM
experiments with an in-situ delamination of electrodes, that prevents an immediate
oxidation of the upper layers, can provide further insights into the oxidation states
after switching. An investigation of both, the lateral and vertical distribution of
oxygen vacancies after switching will deepen the understanding of the switching
mechanism.
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